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(am/ay) within the silver approached approximately four, in agreement with

recent numerical analysis by other investigators, who postulated unstable

cavity growth at this stress ratio.

In addition, FEM analysis on cavities

biaxially loaded (which results in triaxial stress states within the interlayer not

previously investigated) showed excellent agreement between the predicted

stresses for unstable cavity growth and the observed failure stresses.
Therefore, the ductile fracture mechanism for these interlayers appears to

consist of unstable cavity growth followed by interlinkage.

Ambient-

temperature delayed-failure (creep) tests of silver interlayers, at relatively
low applied loads, also appears to be due to unstable cavity growth. Here,

time-dependent ductile failure occurs due to the strain-rate sensitivity of

large strain deformation at the cavity wall. The existence of a "threshold"
stress to delayed failure appears to be due to the strain-rate-insensitivity of
the nucleation process which controls the failure time at low stresses.
The thin Au-Ni alloy (57.5 at.% Au and 42.5 at.% Ni) interlayer brazes

have very high ultimate tensile strengths as a result of the triaxial stress

state within the braze (reducing the effective stress) similar to the silver
interlayers, but also, particularly, the observed high strength of the braze

alloy, which can be rationalized by the observed refined (100 nm) twophase microstructure. The fracture mechanism appears to be one of cavity

nucleation by micro-plasticity, followed by cavity coalescence or
impingement with continued nucleation, without significant uniform cavity
expansion. The yield strength and quasi-steady-state flow stress was found
to be relatively strain-rate insensitive, which may explain the absence of the

time dependent, or delayed, tensile failures which have been observed in
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Ductile Fracture of Metals Under High Triaxial Stress States

INTRODUCTION

Recently, relatively strong structural materials have been reliably
bonded or welded using interlayer metals prepared by electrodeposition,
by metal foils, or by physical vapor deposition (PVD).

An example is the

silver diffusion-aided bond between stainless steel base metals illustrated

in Figures 1-1 and 1-2. This interlayer is 150 gm thick, about 6.3 mm in
diameter and was prepared by a sequence of sputter etching a precisionmachined base metal surface (with argon ions) in vacuum, followed by the

150 pm

Figure 1-1. Micrograph of a silver interlayer solid-state bond between
stainless steel, prepared by PVD [1].

Figure 1-2. Higher magnification of the silver interlayer diffusion bond.
The wavy silver/silver interface is pronounced due to the differences in the
recrystallization annealing-twin density [1].

physical vapor deposition of silver onto each of the two metal (steel)
surfaces. The two coated surfaces are then solid-state diffusion bonded at

a temperature above which silver oxide decomposes. This new process,
described in detail later, was developed by Lawrence Livermore National

Laboratory (LLNL) for the bonding of actinides (e.g. uranium) where
tenacious oxide layers and allotropic transformations renders the use of

3

traditional bonding methods (welding, brazing, etc.) difficult. This process

is particularly reproducible, as compared to brazing and other solid-state

joining techniques, and provides essentially perfect bonding of the two
base metals without second phase particles or voids [2].

In general, some unusual mechanical properties are exhibited by

thin interlayer assemblies.

The bonds, regardless of the fabrication

process, exhibit ultimate tensile strengths (UTS) that are often several
factors higher than the UTS of the soft interlayer material tested in bulk, or
unconstrained, form. As described in greater detail later, the high strength

of the bond, despite the soft or relatively weak interlayer, is due to the
mechanical constraint provided by the stronger base material. When the
interlayers are tested in tension, the stronger base metal establishes radial

stresses that lead to high triaxial stress states.

Finite-element-method

(FEM) analysis [3,4] as well as earlier conventional analysis [5-8], revealed

that the hydrostatic (or mean) stress may approach the axial stress and,
therefore, the effective (von Mises) stress may be substantially lower than
for unconstrained materials under the same axial load. The suppression of

plasticity within the "soft" interlayer accompanying the reduced effective
stress increases the UTS of the interlayer joint.

More recent studies using silver interlayers [9-11], and earlier high

temperature studies using Ni interlayers [12], reveal that despite the
relatively high fracture stress, "static" (constant load or "creep") failures can
occur at stresses that may be as much as an order of magnitude lower than

the UTS. That is, interlayer specimens that are loaded to tensile stresses
much lower than the UTS can experience delayed or "creep" fracture after

4

months or years at ambient (or elevated) temperatures, as shown in Figure
1-3.

I

I

I

/

-3

14- Plastic c to onset of instability = 10

I

14-- 3 X 102

1

UTS or constant crosshead
speed failures (700 MPa)

Stresses at which "Static" or
delayed failures are observed

Average Interlayer Strain

Figure 1-3. Ambient temperature increasing load (UTS) and constant
(static) load tensile tests of maraging steel bonded with a 150 p.m (PVD)
silver interlayer.

The fracture surfaces of the UTS and static failures are identical and

evince the features of classic ductile failure.

Equiaxed microvoids

coalesce and cause catastrophic failure in silver interlayers, as illustrated

in Figure 1-4.

Failures in the PVD silver interlayers occur at or near

silver/silver or silver/base metal interfaces. For example, cavity nucleation

5

Figure 1-4.

SEM micrograph of a typical fracture surface of a thin,

relatively soft, silver interlayer between maraging steel (UTS of bond = 759
MPa). Small equiaxed ductile dimples are evident [1].

6

may occur at the high angle boundary that exists at the silver-silver
bondline, or at the silver-base metal bond. In other interlayers [6, 8, 13,

14], the cavities are pre-existing due to the bond process (for example,

shrinkage voids from the solidification during brazing), or are easily
nucleated in the vicinity of second phase particles.

Preliminary strain measurements indicate that the "macroscopic "
strains within the silver interlayers are very small for both UTS and static
failures [9-11]. Typically, the plastic strain measured by both short gage

length extensometers and optical comparators is less than 10-3 to the
onset (over 99% of the time to rupture for static tests) of failure. Classic

theories [15-18] for ductile failure cannot easily rationalize such small
"macroscopic" plastic strains. This is because the classic theories often
predict or describe the time or strain to failure on the basis of cavity growth

processes controlled by bulk plasticity, which, even if relevant under
ordinary conditions, do not appear to apply to ductile failures of metals
under high triaxial stresses where pre-existing cavities are not evident.
Also, the temperatures are too low to rationalize a diffusive cavity growth
model [15, 17, 19].

The effects of any environmentally-induced cracking of the silver as

observed by others [20] was reasonably discounted in earlier work [1].

Failures at the base metal/silver interlayer are occasionally observed,
regardless of the base metal used (U, Be, Ni, martensitic steels, etc.) and

the interlayer deposition method (PMS-PVD, hot-hollow-cathode

evaporation, interlayer foils, brazes, etc.).

Silver-silver delayed failures

occur independently of the fabrication process (braze, PVD, hot hollow-

7

cathode, etc.). If an embrittlement process were the cause of the failures, it

would not be expected to be such a general phenomenon. Dye-penetrate

or optical tests do not show any evidence of the presence of external
cracking prior to rupture [1].

The purpose of this research was twofold.

First, to investigate the

behavior of the silver interlayer bonds under more general (multiaxial)
loading conditions than the pure tensile loads of earlier investigations.

This has practical relevance for the case of bonds subjected to more
commonly encountered loading conditions. Second, and more important,
it is expected that the examination of interlayer fracture in the PVD silver

and in alternate materials (for example, strong two phase alloys such as

Au-Ni) will provide insight into the mechanisms of ductile fracture under
constraint (triaxial stress states), such as in interlayers, composites, etc.,
but, perhaps, also to ductile fracture under a wide range of conditions that

may include more ordinary stress states.

In the remainder of this

introduction, background information is provided on the stress state that is

developed within tensile-loaded interlayers, the basic theories on ductile
fracture, and other topics useful in presenting the work accomplished.

Inter layer Stress states

As mentioned earlier, when the thin, soft, constrained interlayers are

loaded in tension, they exhibit far greater strength than bulk, or
unconstrained, material.

This high strength is due to the mechanical

constraint provided by the stronger base material which restricts the radial

contraction of the interlayer, and establishes radial and hoop stresses

8

which lead to high triaxial stress states [21-25]. This stress state is
illustrated in Figure 1-5. (It is assumed the angle subtended by the small
interlayer element, as shown in the figure, is small enough that the radial,
hoop, and axial directions can be assumed to be orthogonal.) This type of

triaxial stress state, where secondary stresses result from an applied
stress, exist in other common systems such as a necking tensile specimen
and composite materials.

Most experimental studies of tensile-loaded constrained interlayer
stress states (usually brazed joints) have concluded that as the thickness-

Figure 1-5. The resulting axial, radial, and hoop stresses in a constrained
interlayer due to an applied axial load (or engineering stress, sz). These
are the principal stresses, and are axi-symmetric. (A small shear stress, tzry
also exists, but is small and is disregarded in the analysis.)
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to-diameter ratio (t/D) decreases, the strength of the bond increases [13,
14, 21-26]. (Some studies have found a decrease in strength associated
with extremely thin joints [21, 22], but this was probably due to poor joint
quality). However, decreasing t/D below about 0.025 (the ratio commonly

used in the current study) does not dramatically increase strength (see

Figure 1-6) [4]. This increase is attributable to the increased radial
constraint within the thinner interlayer. Orowan et al. [27] were the first to
derive an expression for radial stress, ar, within the interlayer as a function
of the interlayer material yield strength, ay, and t/D:

ay ( d

ar = t

--r
2

(1)

where r is the radial distance from the center of the interlayer. This
equation was derived for an elastic/perfectly plastic material and assumes
uniform plastic behavior of the interlayer and that the base metal does not
deform plastically. This equation predicts a linear relationship between the
radial stress and r.

Two earlier analytical studies of interlayer stress states, have
determined the location of stress concentrations within the interlayer.
Evans et al. [28] using finite element modeling (FEM) and Dalgleish et al.
[29] using slip-line theory both show a stress concentration at the outside
corners of the interlayer.

Almond et al. [30] conducted an analysis of the stress state within a
diffusion bonded copper interlayer subjected to a tensile load and found
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FEM calculation of the effective (von Mises), axial, and
hydrostatic (mean) stresses at the silver/silver bond line of (PVD)

interlayers of various thickness-to-diameter ratios at an applied stress of
345 MPa [4].
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that the radial constraint, and thus the radial and hoop stresses, does
indeed increase as the interlayer t/D ratio decreases, as predicted by
equation (1). They also demonstrated that the radial and hoop stresses

are nearly equal. Unfortunately, this study examined only relatively thick

interlayers. Tvergaard [31] numerically investigated the interlayer stress

state that exists at the interlayer/base metal interface, to examine the
growth of pre-existing voids at this interface, and found that a highly triaxial
stress state exists.

NIKE2D Analysis of Inter layer Stress states

An FEM analysis of the interlayer stress state for the thin, silver,
bonds used in this study was performed by Henshall et al. [4]. Inter layer
thicknesses of 50 gm, 150 gm and 1000 pm in a specimen with a diameter

of 6.33 mm were modeled, to determine the effect of the interlayer
thickness-to-specimen diameter ratio on the stress state within the
interlayer. Both elastic and elastic/plastic base metals were examined.

Actual base metal and bond material properties were used in the model.
Tensile loads up to 689.5 MPa were examined.

Due to symmetry in the interlayer, a 2-D model of one quarter of the

interlayer/base metal geometry was sufficient to determine the interlayer
stresses (the bottom of the mesh corresponded to the center plane of the
interlayer and the left edge of the mesh corresponded to the center axis of

the cylindrical joint).

NIKE2D [32], an implicit two dimensional

static/dynamic code, with a mesh size of 2256 elements and 2355 nodes,
was utilized, as shown in Figure 1-7.
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Figure 1-8 shows a typical result from the analysis. The axial stress

(azz) that exists at the centerplane of a 150 gm interlayer, when the base

metal deforms only elastically and is subjected to an applied engineering
tensile stress (load/cross-sectional area), sz, of 345 MPa, is fairly constant

throughout the interlayer, with a slight rise near the outside edge. The
radial (Grr) and hoop (Goo) stresses were found to be nearly constant and

nearly equal in magnitude, with a slight increase near the edge of the
specimen.

Also, it was found that the stresses vary little with the axial

position. The analysis shows that a shear stress, trz, also exists, but was
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Figure 1-8. Results of the finite element analysis, showing the resulting
axial (azz), radial (arr), and hoop ((roe) stresses at the center plane of a 150
p.m-thick interlayer subjected to an applied stress of 345 MPa [4].
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very small.

Under this pure tensile loading condition, therefore, the

resulting three stresses can be considered principal stresses (au = 01, 000

= 02, and arr. 03). The stresses within interlayers with t/D ratios smaller
than about 0.025 (i.e. bonds thinner than 150 gm) differ little from those

developed within the 150 gm bond, which is consistent with test results
mentioned earlier. Thicker bonds, however, develop a smaller radial and
hoop stress component for a given axial load, sz.
Figure 1-9 shows the average hydrostatic (or mean am = 01 + 02 + 03

/ 3) and effective (or von Mises) stresses within the interlayer (between
elastically deforming base metals), in which t/D = 0.024, as a function of a

range of applied tensile loads or engineering stresses, sz, as determined

by the FEM analysis [33]. Figure 1-10 shows how the axial, radial, and
hoop stresses vary with sz. It can be observed from this figure that arr and
aee are nearly equal, and that the interlayer stress state is, therefore, nearly
axi-symmetric.

When an additional torque is applied to the interlayer, so that the
interlayer is subjected to both shear (parallel to bond plane) and tensile
loads, the new stress state within the interlayer becomes increasingly nonaxi-symmetric, as shown in Figure 1-11.

Additional Stress Effects

In addition to the stress induced by an applied load, the interlayer

material is subjected to a radial (and accompanying hoop) stress due to
the difference in the coefficient of thermal expansion (CTE) between the
base metal and the interlayer metal. When the interlayers are brazed or
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Figure 1-9. Results of a finite element analysis of the stresses within a 150

µm -thick silver interlayer joining elastic base metals, showing the
hydrostatic and effective stress versus applied engineering stress [1].

solid-state bonded, the entire assembly is heated. Upon cooling, both the
base metal and interlayer contract, but at different "rates". During the initial
cooling stage, the bond is extremely soft and plastic flow will accommodate

some of the differential displacement. Eventually the displacement will be
only elastically accommodated and (residual) radial stresses will develop.
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hoop stresses versus applied engineering stress within a 150 gm-thick
silver interlayer joining elastic base metals.

Predicting the stress level is difficult given that the flow properties of the

silver are changing with plasticity due to strain hardening, and that the
hardening levels vary with temperature. A rough estimate of the plastic
strain needed to be absorbed can be calculated.

In this study, two bond materials were used, the silver described
above and a Au-Ni alloy. Because there is no published value for the CTE
of the Au-Ni alloy, it is assumed that the CTE is a linear extrapolation
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tez

tez

Figure 1-11. The generalized stresses that are acting within the interlayer

and the resulting principal stress state within the interlayer, when the
interlayer is subjected to torque and tensile loads.

based on the CTE and the atomic percent of the two elements [34], and is
13.7 X 10-6 mm/mm/C°. The CTE of silver is 19.7 X 10-6 mm/mm/C° [34],
and maraging steel is 10.1 X 10-6 mm/mm/C° [34]. The radial strain due to

the CTE difference between the interlayer and base metal can be roughly
estimated from:

E = (AT x ACTE / 2)(1/2)

(2)

18

where AT is the difference in the temperature at which thermally induced
displacement differences are no longer accommodated by plastic flow and

ambient temperature. The Au-Ni interlayers were brazed at 950°C, so it is

assumed that AT is approximately 928°C.

The silver interlayers were

diffusion bonded at 400°C, so AT for this case is assumed to be 378°C.

Both estimates are conservative. The residual stress can be estimated
from:

Gres = £ (Emar + Emt)/2

(3)

which equals 10 MPa for the Au-Ni brazes and 260 MPa for silver
interlayers. This is relatively low for Au-Ni considering that at elevated

temperatures a significant fraction of the displacement is probably
accommodated by plasticity. For silver, 520 MPa is greater than the yield

stress of about 103 MPa, suggesting that this maximum level may exist in
the silver at room temperature. This value is low, however, compared to a
UTS of 670 MPa for the silver interlayers.

Delayed Failure of Inter layer Specimens

It was found earlier [9-11] that the silver interlayers will undergo

time-dependent or delayed failure when loaded to tensile loads
considerably lower than the interlayer UTS (as low as UTS/6). These
delayed failures were independent of the type of non-plastically deforming

base metal. Figure 1-12 shows the time-to-rupture (tr) versus applied
tensile stress (tensile load/area) for a 150 lArn silver interlayer between
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maraging steel (t/D approximately 0.024), at two different temperatures.

The bonded steel surfaces, in these cases, were machined before
bonding; if they had been lapped smooth, the failure stresses would be
slightly higher. Tests on interlayers of different thicknesses shows that t/D
ratios smaller than 0.024 are not significantly stronger (higher tr for a fixed

stress), while those larger than 0.024 are weaker, both in agreement with

the FEM analysis discussed earlier.

(If the base materials undergo

significant time-dependent plasticity, e.g. plastic strains of 0.03, then

delayed failure is accelerated, and the rate controlling process may
change.)
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Figure 1-12. Rupture time versus applied tensile stress for 150 p.m silver
interlayers, at two different temperatures. This is an updated version from
reference [1], reflecting the ongoing low-stress tests. The failures are not
the result of any environmental effects.
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An activation energy, Q, for the fracture process was estimated from
Figure 1-12 using:

[Ro(ln(tf))/

(4)

/3(YT)],

(where the terms have their usual meaning), to be approximately 65
kJ/mole, about the same as for creep of bulk, polycrystalline, silver

[14

This implies that the time dependent failure process is controlled by
steady-state creep deformation of the silver.

It

is expected that the

mechanism is identical to the UTS failures as discussed earlier.

In addition, if time-dependent plasticity of the silver is the ratecontrolling process for failure, then the stress sensitivity of the time-tofailure, tf, should be related to the steady-state (creep) stress exponent of

silver. The stress exponent of a material is an indication of how the flow

stress changes with applied strain-rate (or vice versa). Two common
definitions of the stress exponent are the "steady-state" exponent:

n=

(5)

and the "constant structure" stress exponent:

ralnEl

ana

(6)
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where "ss" refers to steady-state, T refers to a constant temperature, and s
refers to a constant structure. Different steady-state values are associated
with different microstructures.

These quantities can be found for a material by using a strain-rate
change test, as shown in Figure 1-13. If, for example, after a strain-rate
change a new flow stress is measured without significant plasticity, the rate

sensitivity would be approximately N. However, if prior to the strain-rate

change, the hardening was nearly zero, and the new flow stress is
measured after significant plasticity (where the new hardening rate is
again nearly zero), then the rate sensitivity would be approximately n.

03

n=(---19111E)

a in
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T

a

111(el
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in(a)
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True Strain

Figure 1-13. A general strain-rate change test, from which the "steadystate" and "constant structure" stress exponents can be determined.
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Therefore, the "general" measured strain-rate (or stress) sensitivity of a

material, n', will be quantitatively between the constant structure and
steady-state stress sensitivities:

n

n' = [111(Yc;.1)

)1<N

(7)

In

The slope of the time-to-rupture versus effective stress within the interlayer
should give an indication of the stress sensitivity of the failure process by:

nfailure =

(8)
creff)

T

where T represents that this ratio is taken for a set temperature, and n is
the stress exponent. Figure 1-14 shows the effective stress (as estimated

by FEM) versus time-to-failure behavior of the silver interlayers. At low

stresses the strain-rate exponent is approximately 15, while at high
stresses it is about 60. Tests on bulk, pure, silver specimens indicate that
the steady-state strain-rate exponent is between 10 and 40 [35, 36] while

the constant structure strain-rate exponent is over 200 [36]. Figure 1-15

shows that saturation, or steady-state is achieved in interlayer silver by

strains between 0.05 and 0.10. Therefore, for interlayer silver, as the
plastic strains associated with the failure process or mechanism approach
zero, the apparent or "general" strain-rate sensitivity, n', is about 200; for
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Figure 1-14. Rupture time versus effective interlayer stress for 150 1.1m
silver interlayers, at ambient temperature [1].

strains near 0.05, the "general" stress sensitivity is between 10 and 40.
Optical comparator estimates of the macroscopic strain-to-failure of the
interlayer are less than 0.002, implying that the interlayer stress sensitivity
should be closer to 200 than the measured 15 to 60. Consistency between

the interlayer stress sensitivity and the sensitivity of pure, bulk, silver, is
achieved only if there is large plasticity within the silver interlayers on a
local scale only (such as by expanding cavities which is consistent with the
fracture surface appearance).
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Figure 1-15. The equivalent uniaxial stress versus uniaxial strain of a
bonded silver interlayer tested in pure shear (torsion) [1].

Both SEM and TEM micrographs of interlayers loaded to various
fractions of the expected rupture times (based on previous tests), tr,exp at a

fixed stress, sz, show time-dependent formation of the cavities. Figure 1-16

is an optical micrograph of an unloaded specimen and shows that the asdeposited structure is void-free. Figure 1-17 shows a specimen loaded to
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Figure 1-17. Optical micrograph of the silver/silver interface in a specimen
loaded to 25% of the expected rupture time at a stress (si) of 552 MPa at
ambient temperature. Small groups of microvoids can be observed at the
silver/silver interface [1].
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25% of tr,exp and shows that cavities have begun to form at the high angle

silver-silver boundary. Figures 1-18 and

show specimens that have

been loaded to 50% of t-r,exp and 75% of

respectively. Cavitation is

increasingly evident at the silver/silver interface, as well as at grain
boundaries within the unrecrystallized region. Figure 1-20 shows a TEM
micrograph of a specimen loaded to 75% of tr,exp and Figure 1-21 shows a

SEM micrograph of another specimen loaded to twice the

tr,exp

Again,

substantial cavitation is evident at the interface. Note that in all of these
figures, the cavity size is relatively large (1 gm or more) which may be an
artifact of the specimen preparation technique and not an indication of the
actual cavity size.

Review of Ductile Fracture Theories

Ductile fracture of metals is normally considered a three stage

process consisting of void nucleation, growth and coalescence [37].
Theories for the first two stages are reviewed below, the last stage is rarely
discussed and not reviewed.

Zener/Stroh Nucleation Theory

There are a considerable number of nucleation theories, but only a

few of them are applicable to room temperature, polycrystalline, ductile
fracture. The first is the "Zener/Stroh" theory, as illustrated in Figure 1-22.
Zener [38] suggested that a group of edge dislocations can form a wedge

which can act as a void or crack nucleus. Such a group may form at the
head of a pile-up, where the necessary stress to bring the dislocations
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Figure 1-18. Optical micrograph of the silver/silver interface in a specimen
loaded to 50% of the expected rupture time at a stress (si) of 124 MPa at
ambient temperature. Cavitation can be observed at the silver/silver

interface, as well as at the grain boundaries within the unrecrystallized
regions [1].
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40 gm

Figure 1-19. Optical micrograph of the silver/silver interface in a specimen
loaded to 75% of the expected rupture time at a stress (si) of 483 MPa at
ambient temperature. Cavitation can be observed at the silver/silver
interface, as well as at the grain boundaries within the unrecrystallized
regions [36].
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Figure 1-20. A transmission electron micrograph of the silver/silver
interface in a specimen loaded to 75% of the expected rupture time at 483
MPa (si) [1].

Interface
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k

.
;
51.1m

Figure 1-21. Scanning electron micrograph of the silver/silver interface of
a bonded specimen loaded at 207 MPa (sz) to twice the expected rupture
time [1].
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Figure 1-22. The Zener/Stroh theory for void nucleation [38, 39].

together may exist. Later, Koehler [39] independently proposed a similar
nucleation mechanism. This mechanism has been observed by Westwood
[40], among others.

Cottrell [41], on suggestions by Mott [42, 43], proposed that a
dislocation pile-up may exist when an active slip band intersects a grain

boundary. The stresses that exist at the head of such a pile-up were
studied by Eschelby et al. [44]. Stroh [45-47] was the first to analyze the

stress, pile-up size, etc., required for void nucleation. Stroh balanced the

release of strain energy when a crack is formed with the increase in
surface energy in a manner that is very similar to, and based on, the well
known Griffith crack criteria [48]. Stroh assumed that the forces acting on
the crack are due to both the pile-up (as analyzed by Eschelby et al. [44])
and the applied tensile stress.
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The analysis by Stroh was later modified by Smith and Barnby [49],

Sarfarazi [50], Das and Marcinkowski [51], and Wagoner [52] to include
components of the pile-up stress field initially ignored by Stroh. The final
criteria for void nucleation is [53]:

(3,r2.)
)78
nb

8

"re =

(9)

where 'le is the applied shear stress, ys is the surface energy of the matrix

metal, n is the number of dislocations in the pile-up, and b is the Burger's
vector. Equation 9 can be modified if it assumed that the dislocations in

the pile-up originate from a source within the grains of a polycrystalline
material.

The largest pile-up, which would have the largest stress

concentration at the pile-up tip, would exist within the largest grain, with the

dislocation source located at the grain's mid-point.

The criteria then

becomes [53]:

[37ry,G

8(1- v)D

(10)

where G is the shear modulus, v is Poisson's ratio, and D is the largest
grain diameter. The resulting cavity appears at an angle of 70.5° to the
line of the dislocation pile-up, where the largest tensile stress exists (this

angle is shown in Figure 1-22). It was unclear how the requirement for
cavity nucleation would be modified when the stress state is two or three
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dimensional, rather than the single tensile stress case analyzed by Stroh
[47].

Obviously, the addition of a second tensile axis would lower the

shear stress acting on a dislocation pile-up, but would also provide an
increase in the elastic strain energy that would be relieved by the formation

of a cavity. The modification to the Zener/Stroh requirement given in (6) is
derived in the Appendix and is:

°

12ys
bn

3 o-211(1
2

v)r

(311(1

8bnG

bnG

v)r

a2

As the new calculations show, the addition of the secondary stress has
minimal effect on the nucleation criteria; this is expected, given that the
magnitude of the applied stresses is several orders smaller than the stress
that exists at the tip of a dislocation pile-up and that, therefore, the addition

of a second applied stress (to Stroh's single stress) has an affect only in
how it modifies the resulting shear stress.

The assumption that a pile-up of the required size for nucleation can

form when a slip plane intersects a grain boundary is, perhaps, not a good

one. When a dislocation meets a grain boundary, several things may
occur. First, the dislocation can pass through the boundary and slip may

continue within the adjacent grain. This has been studied by Das and
Marcinkowski [51] and observed by Forwood and Clareborough [54] and
Kurzydlowski et al. in in-situ experiments [55]. This may require that the

slip planes in the adjacent crystal not be largely mis-matched [56].
Second, a dislocation can be absorbed by the grain boundary, and a
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second dislocation emitted into the adjacent grain in a manner similar to
the passed dislocation [57]. Third, as predicted by Cottrell, the dislocation

can be stopped by the grain boundary and, as part of a pile-up, form a
void. This last option only appears to be relevant in materials where a

hard, second phase has segregated to the grain boundary; if not, the
boundary is not strong enough to withstand the stress at the tip of a pile-up

and will relieve the stress by "passing" dislocations into the adjacent grain
[58-60].

Cottrell Nucleation Theory
Cottrell proposed another mechanism for void nucleation [61, 62]. If

dislocation pile-ups exist at two intersecting slip planes, they might react to

from a void or crack nucleus, as shown in Figure 1-23. The stress needed

for nucleation [61-63] is slightly less than that for the Zener/Stroh
mechanism; however, the situation required for this mechanism is more
difficult.

Anti-Zener/Stroh Theory

Kikuchi et al. [64] proposed a mechanism for nucleation which has

been called the "anti-Zener/Stroh" theory by Weertman [65].

In this

mechanism, highly stressed regions near a second phase emit
dislocations of one sign, leaving a "reverse" pile-up of dislocations of the

opposite sign which, in turn, form a Zener/Stroh-type void. The stress
required to emit the dislocations results from the strain incompatibility that
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exists between a hard (second phase) particle and the matrix.

This

concept is shown in Figure 1-24.

(101) Slip plane

"-(101)

Slip plane

(100)

Void

(001)

Figure 1-23. The Cottrell theory for void nucleation, in which dislocations
on intersecting slip planes interact to form a void [61, 62].
High Temperature Creep Nucleation

The subject of high temperature creep nucleation was reviewed
most recently by Nix [15]. Two nucleation mechanisms were examined.
The first, vacancy condensation, was examined by Raj and Ashby [66] and
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Raj [67]. They treated the nucleation of cavities as the condensation of a
"second phase" (vacancies) and applied classic nucleation theory to the

Grain Boundary

Void

Inclusion

Figure 1-24. The anti-Zener/Stroh theory for nucleation, in which
dislocations are emitted from a region of high stress, due to the strain
incompatibility between a second phase particle and a matrix. This
"leaves behind" a "reverse dislocation pile-up" which forms a void nucleus
[64].

process. The rate of nucleation at room temperature, where the current
examination of interlayer bonds occurs, is extremely low and precludes
this model from being applicable. Nix also considered nucleation due to
grain boundary sliding, which, again at room temperature is not applicable.
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Void Growth Theories

Virtually all of the void growth models are continuum based and,
therefore, do not attempt to determine a detailed mechanism for growth.
There are two different foundations upon which the continuum models are

based. The first was initiated by Berg [68] who examined the growth of a
hole in a two-dimensional incompressible "plate" subjected to a far field
stress. This was modified into a 3-D rectangular matrix with an internal

hole by McClintock [69], who assumed that there was no volume change in

the matrix and whose analysis, therefore, would only be applicable to the
early stages of void growth. McClintock et al. [70] further modified the Berg
analysis by considering a non-rotationally symmetric void shape, but again
they assumed no volume change.

Perra [71], in his experiments on high purity copper, showed that

these Berg-based models all greatly underestimate void growth.

He

confirmed the importance of a high triaxial stresses in growth, by showing
that as the triaxiality (defined as the ratio of the mean stress to the effective
stress, am/ae) increases, the strain required to achieve a set percentage of

voiding decreases.

Gurson [72] modified the McClintock analysis to account for an
infinite matrix, with a spherical void, and would thus be able to model void

growth beyond the initial stages. This was in turn modified by Tvergaard

[73] and Tvergaard and Needleman [74] who attempted to match the

results to experimental data by adding a large number of "fitting
parameters".
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The second continuum model used is that of Rice and Tracey [75],

who examined the growth of a spherical void in an infinite matrix and
whose analysis was modified by Tracey [76] to include a matrix that work
hardens. Thomason [77] derived a ductile fracture failure criteria by using

the Tracey model for growth and assuming that failure occurs when a
critical stress value between growing voids is reached. Like the Tvergaard
models, it requires fitting parameters.

Garrison and Moody [78] reviewed all of the above growth models
as well as the available test data and arrived at some general conclusions.

First, growth rate rises exponentially with stress triaxiality, as
experimentally verified by Perra [71] and Cox and Low [79]. Second, for a

given imposed strain-rate, work hardening in the matrix slows growth.
Third, the growth rate increases with the strength of the matrix material, as
verified experimentally by Floreen and Hayden [80] and Psioda [81].

Unfortunately, the above models all rely on large far-field material
deformation for large cavity growth which is in contrast to the very small
(negligible) strains observed in the thin interlayers tested in tension. To
rationalize this dilemma, other investigators [13, 14, 82] have assumed that

large pre-existing cavities interlink or lead to instability without significant
growth.

One explanation of cavity growth that may resolve this problem is
based on a cavity growth model by Hill [83]. In his analytical analysis of an

internally pressurized void in an elastic/perfectly plastic infinite solid, the
hoop strain at the cavity wall becomes infinite at a finite internal pressure.

His work was modified by Chadwick [84], who showed that a cavity will
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expand without bound (become "unstable") when the pressure within the
cavity, p, reaches a factor of 4.3 larger than yield strength of the material,

ay, as shown in Figure 1-25. The Hill analysis can be expanded to the
case of an externally applied spherically symmetric stress if the matrix
surrounding the void is considered elastically incompressible, as shown by
Ball [85], Abeyaratne and Hou [86] and, most recently, Huang, Hutchinson,
and Tvergaard [87].

Huang et al. examined the growth behavior of a cavity existing in an

infinite matrix subjected to a far-field triaxial stress state. They initially
assumed that the material is isotropic, incompressible, and elastic/perfectly
plastic.

Incompressibility gives the following relationship between the

radial strain, Cr,, and hoop strain, Lee, at a location a distance R from the
center of the cavity:

err= -200= 2 ln[1- (leo -le)/ R3]

(12)

where Ro is the deformed cavity radius and Ri is the initial cavity radius.
Equilibrium gives:
daR
dR

R

aee) = 0

The boundary conditions are:

a, = 0, R = Ro, and an. -+ f as R-->oo

(13)
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Figure 1-25.
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The expansion of a cavity under an the influence of an

internal hydrostatic pressure, p, showing unstable cavity growth once a
critical pressure is achieved (from Chadwick [84j).

If the true stress and logarithmic strain can be related by a/ay = f(e), then

equation (13) can be integrated using the above boundary conditions,
yielding:

(14)
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The stress at which the cavity becomes unstable, a- = S, can be found by
letting Ro / Ri

oo:

= _2

/

ff[inti
f[3 - /73}I1n11

/73

}]

= -f [e3Y2

-1

1] f()d

(15)

0

S, the cavitation limit, exists if this last term in (15) is integrable. For
example, for an elastic/perfectly plastic material, if the yield stress and
strain at yielding are ay and ey, respectively:

0/0'

f(e)

y

for lel< E

Y

= sign(s) for lel> ey

(16)

Using equation (16) and (15) yields:

y

= -2_{1+1n(-2 )1-1-0(sy)
y

3

3sy

(17)

The radius of the plastic zone around the cavity, Ry, satisfies:

lniR11=-1--°L*
R()) 2 ay

Using (15) yields:

1
3

(18)
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:_43e),Xr

(19)

Equations (17) and (19) are the same as those derived by Hill [83] for an
internally pressurized cavity. Using the relation derived in (14), Huang et

al. numerically derived cavitation limit states for materials that satisfy
power-law hardening; that is, the material satisfies:
0/6 = f (e) = ye for IEI 5

Ey

Y

= sign(s)(1,

)nh for 1E1> Ey

(20)

where nh is the strain hardening coefficient. The results of the numerical

analysis show that cavitation limit states are reached for materials that
strain harden (i.e. not elastic/perfectly plastic), but at higher a/ay ratios, as
shown in Figure 1-26. Huang et al. also numerically examined both a nonhardening and hardening matrix in an axi-symmetric stress state, al > a2 =
a3, where a2 /a1 ranges from 1 (spherically symmetric stress state) to 0.75.

They found that a cavity would grow in an unstable manner (with no farfield plasticity) when the mean-to-yield stress ratio (am/ay) reached a critical

value. The mean stress, am, is defined as the average of the principal
stresses. The required critical value versus the a1/a2,3 ratio is shown in
Figure 1-27.

Finally, for both the hydrostatic and axi-symmetric stress

states, they analyzed the effect of the ay/E ratio on instability, as shown in

Figure 1-28.

In their analysis, Huang et al. concluded that the cavity

growth is driven by the stored elastic strain energy in the matrix.
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Figure 1-26. The growth of a cavity of initial radius Ro, under the influence
of an applied far-field hydrostatic stress, showing the effect of the strain
hardening exponent ,with ay/E = 0.003 (from Huang et al. [87]).
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Figure 1-27. The influence of the T/S ratio (where T = a2= (53 and S = al)
on the am/ay ratio required for unstable cavity growth, with ay/E = 0.003
(from Huang et al. [87]).

This theory of unstable cavity growth is attractive in that, provided a
nucleation mechanism, stress levels comparable to those observed in the
silver interlayer failures can cause cavity expansion to a critical diameter at
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which cavity interlinkage and failure occur, without far field or "macroscopic"
plasticity. Furthermore, the delayed failure in the silver interlayers may be

rationalized because, as mentioned earlier, bulk silver, even at ambient
temperatures, deforms to a saturation stress (at a constant strain-rate) or
steady-state creep-rate (under constant stress testing) that is rate sensitive.

That is, ay (the steady state flow stress when n=0) drops with deformation
rate [35]. At low stresses, the cavity can expand in an unstable manner as
in UTS (high strain-rate) tests, but at low cavity expansion- (or silver strain-)
rates. Hence, delayed or time-dependent failure.
One undeveloped aspect of the unstable cavity growth model, lies in

the common limitation of many of the continuum models; they do not

consider the discrete nature of plasticity as resulting from dislocation
motion.

For cavity growth, large strain plasticity is required, and it would

appear that the cavity wall must be a dislocation source. Wolfer et al. [8890] showed that in metals, helium bubbles ("smooth", spherical cavities) will

expand under a high internal pressure (analogous to a triaxial state of

stress) by the emission of dislocation loops.

However, the required

hydrostatic stress for this mechanism is high, about E/10. Birnbaum and co-

workers [60] have shown that relatively short cracks (less than 100 nm) that
have relatively blunt tips (radius greater than 10 nm) may emit dislocations,

from (or at least very near) the tip (cavity wall), at relatively low applied
stresses. Whether spherical cavities can expand in an analogous manner
is unclear.
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Figure 1-28. The influence of the ay/E ratio on the am /ay ratio required for
unstable cavity growth for both hydrostatic (spherically symmetric) and axisymmetric stress states (from Huang et al. [87]).
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EXPERIMENTAL PROCEDURE

Diffusion Bonding Process

This section describes how void-free, high-purity, silver interlayers

that have essentially perfect adhesion to a wide variety of base metals
have been produced for this study [1]. These interlayer specimens were
produced at Lawrence Livermore National Laboratory (LLNL), as were all

the interlayers used in this project; the development of the fabrication
process was not a part of this project.

The base metals to be coated, prior to bonding, were machined into
right circular cylinders with a diameter of 15.3 mm and a length of 38.8 mm.

The surfaces to be coated were initially machined flat by single-point
turning to 5 pm, and to a surface roughness of 0.4 p.m arithmetic average

(AA). Specimens designated as "machined surfaces" were subsequently

machined flat to 2 gm, and to a surface roughness of 0.1 p,m AA.
Specimens designated as "lapped surfaces" were lapped flat to 0.15 gm,
and to a surface roughness of 0.03 gm AA by first mounting the specimens

into a fixture with the ends held flat against a plate. The specimens were
then machine-lapped using a 10 gm alumina paste on a cast-iron lapping
surface followed by 9 p,m alumina paste on an anodized aluminum lapping
surface. Finally, the specimens were hand polished using 1 gm diamond

paste on standard photocopy paper placed on a surface plate.

Subsequent to machining, base-metal specimens were washed
with an abrasive detergent followed by a hot-water rinse. The specimens

were then rinsed in deionized water and ultrasonically cleaned for 20
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minutes in ethyl alcohol and dried using helium. The specimens were then
loaded into a 150 mm diameter copper fixture that positions 24 specimens

for the coating operation. Each coating operation was performed using a

single type of base-metal specimen to prevent cross-contamination of
atoms during the sputter-etching phase (the copper fixture was pre-coated

with a thick layer of silver for the same reason). The fixture was designed

to allow the specimens to be placed within an annular area of 30 to 120
mm in diameter. It was determined that deposition thickness varied within

+/- 10% over this area.

The specimen fixture was placed inside the

vacuum-coating chamber and was threaded into a water-cooled fixture
which was positioned at the top of the vacuum chamber. The specimen
surfaces faced the PM-sputtering source, located 152 mm below at the
bottom of the vacuum chamber. A 152 mm diameter, 99.999% pure, silver
disk, used as the sputtering target, was attached to the internally-mounted

magnetron. The vacuum-coating chamber was designed with a large halfcylinder door (sealed with an 0-ring). Figure 2-1 shows a schematic of the
vacuum chamber and the two-stage etching and coating procedure.

The vacuum was created by evacuation using a Roots-type
roughing pump with an ultra-high vacuum turbomolecular pump (rated at

1500 liters/s). The chamber was heated using internally mounted quartz
lamps to 110°C for 18 hours, allowed to cool for 4 hours, and then exposed

to a liquid-nitrogen trap located in the high-vacuum line for an additional
16 hours. This procedure resulted in a base pressure of 4-8 gPa before
the etching and coating processes were initiated.
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Figure 2-1. Schematic of vacuum chamber illustrating (a) ion-etching and
(b) silver-deposition phases [1].
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99.999% pure argon gas was introduced into the vacuum chamber

for sputtering. A dc glow-discharge power supply was used to initiate a
plasma by ionizing the argon and to maintain the plasma at 2000 V and 43

mA with reference to the coating fixture (base-metal specimens). The
specimens were sputter-etched for 35 minutes, resulting in the removal of

700 nm from the steel specimen surfaces. A shutter was placed between
the target and specimen surfaces to prevent any deposition of sputtered
atoms onto the silver surface during the etching phase.

The coating phase was initiated by using a separately controlled dcpower supply that applies a voltage to the PM source, thereby establishing

a plasma adjacent to the silver-target surface. Deposition of silver onto the

specimens was initiated by opening the shutter prior to switching off the

sputter-etch power supply which prevented any re-contamination of
oxygen by adsorption of residual water vapor onto the specimen surfaces.

The silver-deposition rate at the specimen surfaces was determined to be
20 nm/s. The steel specimens were coated for 60 minutes to produce a 75
j.tm coating.

The 24 specimens were removed from the coating fixture in pairs,

their silver surfaces were placed in contact, and the pairs were
encapsulated into 12 stainless steel cans.

Tubing used for the hot-

isostatic-pressing cans were manufactured to specification MIL-T-8504A

using type 304 SS. One end of the tube was sealed by electron beam
welding a stainless steel disk onto the tube. A small tube was electron
beam welded through the center of the disk, protruding outward from the
canned assembly. After inserting the pair of silver coated specimens, the
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cans were sealed with a lid using electron beam welding.

The sealed

assemblies were evacuated through the small tube welded to the end of

the assembly, using a vacuum pump. The tubes were sealed using a
pinch-off tool, followed by electron beam welding to prevent rupture during

the autoclave cycle. The evacuated assemblies were then placed in an
autoclave and isostatically compressed with argon to a pressure of 138
MPa. The temperature was then raised to 400°C, while the gas pressure

was increased to 207 MPa. The peak temperature and pressure were
maintained for two hours. The bonded assemblies were then removed
from their encapsulating tubes and machined into 6.35 mm gage diameter
(reduced section) tensile/torsion specimens with the interlayer in the center
of the section, as shown in Figure 2-2.

112-13UNC-2A

06.35+/-0.03

0.4

NEM

NEM
Final machining to be
a not more than 0.01
deep

Ir"

12.70
.1-44-0.39
2I9

9.53

84.75 40.76 -0.00
no undercut

+1-0.38

21:11

219

33.3+1-0.8

Figure 2-2. Schematic of tensile/torsion specimen.

111:1323
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In a previous LLNL study, cross-sections for metallography of the

as-deposited and solid-state bonded silver were cut with a diamond
abrasive radial saw, then mounted in epoxy resin, and finally ground

successively from 240- through 600-grit silicon carbide.

Vibratory

polishing of the mounted specimens was accomplished using 1 gm
diamond in kerosene on a silk cloth, followed by final polishing using 0.5

gm colloidal silica on a nylon cloth.

The silver structure in optical

metallography specimens was revealed by chemical etching for 20
seconds using a solution of 20 parts water, 10 parts ammonium hydroxide,
and 1 part hydrogen peroxide (30% concentration).
All but one of the LLNL transmission electron microscopy (TEM) thin

foils were extracted from tangential sections (perpendicular to the radial

directions) containing the solid-state bonded silver interlayer.

The

exception was an as-deposited silver coating extracted parallel to the
coated interface. In either case, the procedure required cutting 0.4 mm
thick slices from specimens from which 3 mm diameter disks were spark-

cut. The disks were then ground using a succession of silicon-carbide
polishing papers (40, 12, and 3 pm abrasive) to a thickness of 100 gm.
Pre-thinning of the disks was accomplished by mechanical dimpling with a

phosphorous bronze wheel using cubic boron nitride abrasive (2 gm) in
paste form. This procedure removed 65 gm from one side, followed by 25

gm from the opposite side of the disk. Final thinning of the 10 pm thick

disks was accomplished by ion-milling using an 11° angle of incidence

with the disk placed on a cold stage. Crystallographic orientations were
determined using both electron and x-ray diffraction.
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The deposited layer (prior to heating and pressurizing for bonding)
consists of columnar grains with an average diameter of about 0.25 gm, as

shown in Figures 2-3 and 2-4.

The column axis are essentially

perpendicular to the base metal surface and nearly coincident with a
<111> crystallographic direction.

The grains contain numerous growth

twins, typically 10-15 nm in thickness and perpendicular to the column
axis.

Recrystallization of most of this structure occurs during elevated

temperature bonding. A serrated, or wavy, high-angle boundary generally
remains, however, within the vicinity of the original silver surfaces (Figures

1-2 and 2-5). The recrystallized grains often contain numerous annealing
twins. The duplex microstructure of the interlayer bond can be observed in
Figure 2-6, which shows a polarized, optical micrograph of an interlayer.

Secondary-ion mass-spectroscopy (SIMS) analysis of the interlayer

did not reveal the presence of any impurities at the interfaces or in the
"bulk" interlayer. Voids, unbonded regions, or second phase particles are

not observed in the as-bonded microstructure. Shear tests of the silver
interlayer, where the mechanical constraint provided by the stronger base
metal is minimized, reveal ductile fracture stresses, stresses, and surfaces

similar to bulk polycrystalline silver, which confirms an absence of any
embrittlement due to second phases or impurities.

Au-Ni Wire and Braze Specimens

The maraging steel base metal that was brazed was machined into

right circular cylinders 15.3 mm in diameter and 38.8 mm in length. The
surfaces of the ends to be brazed were lapped (ground) flat to 0.15µm
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Figure 2-3. (a, b) Optical micrographs illustrating the cross section of
planar-magnetron-sputter-deposited silver before the bonding cycle [1].
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500 nm

Figure 2-4. Transmission electron micrograph showing columnar grains
with a high twin density of the planar-magnetron-deposited silver

microstructure prior to diffusion bonding at elevated temperature. The
columns are perpendicular to the deposition plane and are parallel to the
<111> direction [1].

using 1 gm diamond paste and to a surface roughness of 0.03 gm AA. The

brazes utilized Au-Ni foils purchased as "Nioro" from GTE Westgo with a

specified composition of 57.5 at.% Au and 42.5 at.% Ni. The phase
diagram for this material appears in Figure 2-7 [91]. Wire of the same
composition as the braze foils was also purchased from GTE Westgo. The

braze thickness of 50 gm was controlled by 3 nickel 0.5 mm diameter wire
inserts. The steel and the foil underwent an acetone wipe and ultrasonic
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Figure 2-5. Transmission electron micrograph (TEM) of the silver/silver

bond interface, showing an unrecrystallized region adjacent to the
interface (the as-deposited microstructure), as well as a region where

recrystallization has occurred during the bonding procedure. The arrow
refers to the high angle boundary that generally exists in the vicinity of the
original silver surfaces [1].

cleaning prior to brazing.

The brazing was performed by heating the

specimen to 950°C at a rate of 0.8°C/s in a vacuum of 1.33x10-1° MPa.
The braze temperature was maintained for 1 minute, and the specimen
was subsequently cooled at a rate of 0.3°C/s to 400°C, and then removed
from the furnace.

The brazed cylinders were machined into tensile/torsion specimens

with the braze interlayer in the middle of the section, using the same
process outlined above for the silver interlayers. A typical specimen is
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100gm

Figure 2-6.

Polarized light optical micrograph of the silver interlayer

showing two distinct structures.

shown in Figure 2-8. Ultimate tensile strength (UTS) testing of the brazes

was performed on an Instron 4505 using universal grips and an elastic
strain-rate M of 10-4/s, while the creep tests were performed at ambient
temperature using constant load creep-rupture testing machines. Strain
gages measured the elastic and plastic strains in the maraging steel base
material during the stress-rupture tests. A strain gage was mounted on a
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Figure 2-7 The Au-Ni binary phase diagram, showing a miscibility gap [91].
The braze alloy composition is 57.5 at.% Au / 42.5 at.% Ni.

second, unloaded, specimen which allowed for compensation of specimen
expansion and contraction due to temperature fluctuations.

The Au-Ni wire specimens, 0.5 mm in diameter, were tested in both
"as-received" and thermally treated conditions. In both cases, the wire was
tested on an Instron 4505, with a gage length of 2.5 cm (as determined by
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If

Figure 2-8. Photograph of a tension/torsion specimen. The interlayer is
visible in the center of the gage section.
the distance between the universal pincer-type grips holding the wire), and
an elastic strain-rate of 10-4/s (note that the stresses were low enough that

the machine compliance could be neglected). The universal "pincer" type

grips were lined with soft copper foil to prevent damage of the wire. The

thermally treated wire was rapidly heated to 900°C and held at that
temperature for 48 hours, in a vacuum of 4 Pa, using a Lindberg SB
furnace with an Omega controller. The furnace was then cooled at rates
comparable to that of the Au-Ni interlayer braze cycle.
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The strain-rate sensitivity for Au-Ni was found by performing strain-

rate change tests using torsion.

After deforming a specimen to an

equivalent uniaxial strain (t) of about 0.15, the equivalent uniaxial strainrate

(t) was "instantly" increased from 10-5/s to 10-3/s.

The

"instantaneous" increase in stress was recorded, using a 0.005 plastic
strain offset to obtain the new "constant-structure" flow stress at the higher
strain-rate. This allowed a determination of the constant-structure strainrate sensitivity (N = [(8 In E/8 In (7)-r, s). The test was continued at the higher

strain-rate to determine the (quasi) steady-state strain-rate sensitivity (n
RS In E/8 In a)-r).

TEM and SEM Specimen Preparation

Fractured Au-Ni and silver specimens were examined by scanning

electron microscopy (SEM).

Micrographs were taken from regions that

were representative of the entire fracture surface. Transmission electron

microscopy (TEM) of the Au-Ni foils were extracted from 0.5 mm thick
tangential slices (parallel to the specimen axis) that included the braze
interlayer. These were then ground to a thickness of 50 gm using 600, 30,
12 and 3 pm grit silicon-carbide paper. A 3 mm diameter disk was then cut

from the slice, with the interlayer positioned in the middle. The disks were

dimpled to a thickness of 20 gm. Specimens were initially ion milled for 1
hour at an incidence angle of 14° using a Gatan ion mill with a cold stage.

Perforation was then achieved with an 8° incidence angle, after
approximately 9 hours. Specimens were finally ion milled for an additional

30 minutes using a 8° incidence angle. The TEM was performed in a
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Philips CM12 operating at 120 kV. Lattice constant measurements were
determined by using a thallium chloride standard specimen in contact with
the Au-Ni specimen.

Instron Testing

Specimens tested in tension, torsion, and combinations of

tension/torsion utilized a digitally controlled, hydraulic, biaxial, Instron
8521. The measured torque, M, was converted into a surface shear stress,
tez, using the solid-specimen torsion equation [921:

ez =

where

M(3+ nh +m)
2nr3

(21)

hardening coefficient (approximated by
(31nM / 5109), where 0 is the angle of twist), m is the strain-rate
nh

is the strain

sensitivity (approximated by (81nM / 81n e)te), and r is the radius.

The

torsion load cell was calibrated using a micro-torque wrench, yielding an

accuracy of +/- 0.01 N-m. The load cell was calibrated in tension using
calibrated weights.
To minimize bending stresses on the interlayer, specimen alignment

was accomplished in several ways.

First, as shown in Figure 2-9, two

universal joints were utilized in the grip system, one above and one below

the specimen. Second, the specimen grips (i. e. those pieces into which
the specimen threads, and which, in turn, threads into the universal joints)
were machined on a lathe to assure that the end faces were perpendicular
to the central axis of the grip. When the specimens are threaded into the

62

1751 /MYRON

6521

Figure 2-9. Instron 8521 used for biaxial testing of constrained interlayers.
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grips, the mating of the two flat faces assure that the specimen and grips

are aligned. That is, that the long axis of the grips and the specimen are
coincident.

The same method was used to assure grip/universal joint

alignment.

Note that the threads in all the load train pieces were

intentionally machined "loose" to allow the specimens to "float", allowing
the flat ends of the train components to provide alignment. All torsion tests
were conducted such that the crosshead rotated in the direction that would
tighten the threaded joints.

Four strain gages, 90° apart, were mounted on the specimen and

were monitored during the testing. The bending stresses were small; all
four of the measured axial strains were within 0.03 of their average. The

steel base metal deformed only elastically in all silver interlayer tests.
However, the precipitation-hardened maraging steel was found to have

softened during the Au-Ni brazing process.

This was discovered by

measuring the steel diameter before and after tensile testing of the Au-Ni

interlayers.

Constant load creep-rupture tests on maraging steel

specimens subjected to the brazing cycle were performed to determine the
time dependent "creep" behavior softened steel.

A custom designed Labview program, run on an Apple Macintosh
SE/30 system, was used for both control of the 8521 Instron and load data

acquisition. Tensile load and torque data were recorded by the Instron on-

board buffer memory, which allowed acquisition rates up to once every
millisecond (although rates of 0.1 second were typically used). A strip-

chart recorder was used to collect real-time load data via the coaxial
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connection provided by the Instron control tower, as a back up to the buffer

collection.

A sample Labview program is given in the Appendix. This program

controls a "50/50" biaxial test, that is, it will load a specimen with equal
portions of engineering tensile stress, sz, and equivalent uniaxial stress

due to the applied torque. Briefly, this program, after clearing the data

buss, will first allow the Macintosh to assume complete control of the
Instron. It will then set-up the torsion and tension loading rates, format the

Instron data buffer and begin the test. At test completion, the program will
then stop the crosshead motion and buffer data collection, collect the buffer

data into a Macintosh data file (which is saved for later calculations), and,

finally, relinquish control back to the lnstron. The displacement and load
data for both the tension and torsion were converted into strain and stress,
although, as will be discussed later, the strain data was not used.
The Instron on-board buffer memory was used for data collection for

two reasons. First, as mentioned, the buffer allows for data collection at an
extremely fast rate. If the data was downloaded real-time, data collection
would be slowed to at least every second (which is too slow for many of the

tests of this study). Second, the data in the buffer would be saved in the
event of power failure. If the data were "downloaded" to the Macintosh, it
would be lost with a power failure.

As mentioned above, UTS tests on both Au-Ni wire and braze
assemblies were conducted at ambient temperature utilizing an lnstron

4505 with universal grips and an elastic strain-rate of 10-4/s.

Data

acquisition and control of the crosshead utilized a special Labview
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program and an Apple Macintosh SE. The program controls both tensile
loading of the specimen and data collection which is later used for stress
and strain calculations.

Due to the large compliance of the load train, the linear
displacement and torsion angular displacement data collected by the
Instron was recorded but never used. Instead, a photographic system was

utilized for strain calculation. The specimen surface, in the vicinity of the
interface, was polished by placing the specimen on a lathe and grinding
using a succession of 1000, 40, and 3 gm grit silicon carbide paper. Two

lines were scribed onto the polished surface across the interlayer and
parallel to the specimen axis, using a diamond tipped scribe. The lines
were typically 1.5 p.m in width and 75 gm apart. The shear strain in the
interlayer was then measured by determining the displacement in these

lines across the interlayer.

The surface polishing step removed any

"smearing" of the silver due to machining of the specimens. The bond
thickness was determined to an accuracy of 0.1 p,m. The Au-Ni interlayers

were not visible after the polishing step and were, therefore, etched using
an aqueous ferric chloride solution for 30 seconds before scribing. Figure
2-10 shows a typical interlayer, with the two scribed lines.

Specimen shear displacements were recorded with a digital
CIDTEK optical camera system.

The image was recorded using a

Seikosha VP-1500 digital thermographic printer. As a back-up, the image

was recorded on a Sony SLV-585HF VHS video recorder. Frame-byframe playback of the recorded images allowed strain measurements to be
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Figure 2-10. An optical micrograph of a silver interlayer, showing two
scribed lines used for determining shear strain as a result of torque.

made every 0.02 seconds. The image was translated into an angle of
twist, 0, which was converted to surface shear strain by:

Y=

re
(22)

where L is the interlayer thickness. The measured equivalent uniaxial

shear strains, e yr- measured by this procedure were accurate to +1-1/3 '
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0.005.

Figure 2-11 shows a typical specimen after deformation to an

equivalent uniaxial strain of 0.24. The uniform deformation within the
interlayer is evident by uniform deflection of the scribe line. Although most
of the specimens deformed uniformly in the regions examined, several did

not, as shown by the example in Figure 2-12. This sample underwent an
average equivalent uniaxial strain of 0.54 (this is the same specimen that

was shown in Figure 2-6). Despite the non-uniform deformation of this
region of the interlayer, the mechanical properties of the silver appeared
identical to those in specimens in which the regions examined deformed
uniformly. This may imply that due to the duplex structure, which probably

Figure 2-11. An optical micrograph of a specimen that has been sheared
Note the uniform
deformation within the interlayer.

by torsion to an equivalent uniaxial strain of 0.24.
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Figure 2-12. An optical micrograph of a torsion specimen deformed to an
average equivalent uniaxial strain of 0.54. Although most regions of the
specimens deformed uniformly across the interlayer, such as in Figure 211, some regions of a specimen, such as the one shown here, deformed
non-uniformly.

exists in all silver PVD interlayers in equal fraction, strains may be non-

uniform in some areas; however, the average properties in PVD-silver
interlayers appeared identical.

Biaxial tests were conducted under constant stress rate conditions
to ensure a constant relationship between the axial engineering stress (sz)

and effective or equivalent uniaxial stress due to the torque (/3 tez). Due
to the compliance in the load train, the torsion and axial strain-rates were
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initially extremely low, but constantly increased until a final value of,
typically, 10-2/s (elastic) at failure.

When pure torsion tests were

performed, a strain-rate of 3x10-4/s (plastic) was used. When pure tension
tests were performed, an elastic strain-rate of 3x10-4/s was used.

One silver interlayer specimen underwent a "load/unload" test. A
specimen was loaded equally in both tension and shear (effective uniaxial

stress from torsion equal to the engineering tensile stress). The torque

was "instantly" unloaded when the load reached 90% of the expected

rupture stress (as determined by previous tests).

The tensile load

continued to increase until specimen failure.

Creep tests in torsion were performed at ambient temperature under

constant torque control. The torque was kept constant to +/-0.1%, and

shear strain was measured by the photographic system described
previously.
Cavitation Instability Finite Element Modeling
The modeling of a cavity in a matrix subjected to a far field stress was

accomplished using NIKE3D [93] and DYNA3D [94]. NIKE3D supports an

8-node trilinear element for general continuum modeling.

This finite

element formulation is based on a mean-dilatation formulation to improve

behavior and prevent locking near the incompressible limit.

Element

integration is performed using 2x2x2 gauss quadrature, with a constitutive

evaluation at each gauss point. This low-order element has been found to
perform well over a wide range of strongly non-linear problems, and leads
to an efficient numerical implementation [95].
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NIKE3D is based on an incremental solution procedure for a
nonlinear quasistatic problem, wherein the total load level is reached in a

number of increments ("time steps"). The load is parameterized by a
monotonically increasing scalar commonly referred to as "time" by analogy
with the corresponding dynamic formulation. In the context used here, this

time parameter bears no relationship to physical time, and is only an
incremental change.

At each increment, the finite element method

produces a set of nonlinear algebraic equations which is solved by a

linearization and iteration procedure.

Each iteration of this process

requires the solution of a large system of linear algebraic equations, which

may be accomplished using a direct (factorization) method or an iterative

(preconditioned conjugate gradient) method. The great advantage of the
iterative process is vastly reduced computer memory requirements. The
direct linear solver is better used when the problem can be stored entirely
in-core on the computer. The iterative solver is better when the problem is

too large to run in-core using the direct solver. On engineering work
stations, like the one used in the present investigation, the out-of-core direct
solver is quite slow and is generally less efficient than the iterative solver.

The determination of the onset of instability is difficult for any
numerical method. At the point of instability, the global stiffness matrix

arising from the linearization becomes singular.

Trial solution states

obtained during the nonlinear iteration process near the instability point
vary dramatically, and may be so unreasonable as to cause "code crash". It

is, therefore, necessary to reduce the time step size to assure convergence
as the stability limit is approached.
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The finite element model of an isolated spherical void used oneeighth symmetry, as shown in Figure 2-13. The model was constructed so

that the center of the void is at the origin. The modeling was performed
using an INGRID [96] input file. The discretized domain was sufficiently
large so that the stress and displacement fields are uniform along the outer

boundaries of the model.

Normal traction boundary conditions were

specified on the outer boundaries of the model so as to model the effects of

the remote stress field. Tractions of the magnitude axx, ayy, and azz were

specified on the outer surfaces with normals in the x, y, and z directions,
respectively.

The finite element mesh was constructed with the most

refined regions near the surface of the void, and generally increasing
element sizes in regions farther away from the void. All solutions reported
in this study were obtained on a SUN SparcStation 2 workstation.

Torsion tests on silver interlayers indicate that a mechanical steadystate or saturation stress is achieved after small plastic strains (e = 0.3) [35,

97]. Therefore, for simplicity, the yield stress of the matrix was modeled as

the steady-state or saturation stress of 250 MPa (determined at an
equivalent uniaxial strain-rate of 10-4/s) and the hardening over the early

strain was ignored. The Young's modulus, E, used was 75.8 GPa and
Poisson's ratio was 0.4. A small, non-zero, tangent modulus, Er, of E/1,000

was used to simulate perfect plasticity (n = 0) and was required in the
analysis for numerical stability.

Comparison was performed between the model predictions and the
analytical solutions of Huang et al. [87] for the case of an isolated spherical
void in an elastic/plastic solid subjected to a hydrostatic tension remote
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Figure 2-13. One-eighth (symmetric) finite element mesh of an isolated
spherical void.
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stress field (i.e., axx = ayy = azz). Consistency between models with different

refinements served to validate the choice of mesh refinements. The original

and deformed element mesh fields are shown in Figure 2-14. A plot of the
normalized void radius, AR/Ro, where Ro is the initial void radius, versus the

normalized load, a/ay, where ay is the matrix yield strength, is shown in
Figure 2-15. The final state for which NIKE3D was able to converge was at
a am/ay ratio of 3.8. The ratio for the onset of instability using the analytical

solution is 4.0, which occurs at a displacement of several radii. It was,
therefore, concluded that the model reasonably predicts the same material
behavior as the analytical solution, and that the FEM procedure would also

be viable for determining cavity behavior in axi-symmetric and non-axisymmetric stress states.

The effect of the principal stress state that exists within an interlayer

under "biaxial" loads, in which the engineering tensile, sz, stress applied to
the bond assembly equals the equivalent uniaxial stress, .\/3 toz, due to the
applied torque, was modeled next. In this case, the largest principal stress
within the interlayer is a factor of 5.56 larger than the smallest (al = 5.56 a3 )

and the median principal stress is a factor of 2.49 larger than the smallest
(a2 = 2.49 0'3 ). Therefore, the surface tractions applied to the mesh were

axx = 5.56 a ayy = 5.56 a, and azz = 5.56 a, where a was increased in
increments of 2.5 MPa. This represents a strongly non-axi-symmetric stress

state within the interlayer. Initially, a strongly graded "coarse" mesh was

used, with 12 elements in each direction, as shown in Figure 2-16. This
analysis took approximately eight CPU hours to complete. The outward
normalized displacement of the nodes on the cavity wall along the
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Figure 2-14. Original and deformed meshes plots for the case of pure
hydrostatic tension (a, = ayy azz)
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Figure 2-16.

Coarse finite element mesh with 12 elements in each

coordinate direction (total of 1603 elements).
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coordinate axis, are plotted as a function of the normalized loading
parameter, in Figures 2-17 through 2-19.
To verify the "coarse" mesh results, a "fine" mesh was constructed in

which there were 19 elements in each direction, as shown in Figure 2-20.
The traction boundary conditions used in the previous, coarse model, case

were used here, but the loading increment size was stepped down as
instability was approached. This model required 47 CPU hours on the
SparcStation 2. The new normalized outward displacement of the nodes

on the cavity wall along the coordinate axis are plotted as a function of
normalized loading parameter in Figures 2-21 through 2-23. The onset of
instability occurs at the same load as with the coarse mesh analysis for this

"50-50" case. However, a comparison of Figures 2-19 and 2-23 shows
different behavior of the cavity wall in the smallest principal stress direction,

after the onset of instability; wall contraction with the fine mesh and wall
expansion with the coarse.

To resolve the conflict between the two solutions, the instability was
re-examined using DYNA3D, an explicit transient dynamic code. DYNA3D
does not form and solve a set of matrix equations, and would not encounter

a singularity with the equations at the onset of instability since dynamic
material effects are accounted. The solutions, computed with the same fine

mesh as used in the NIKE3D case, are similar to those of the fine mesh
NIKE3D case, and are discussed further in later chapters. The similarity of
the NIKE3D and DYNA3D solutions indicate that material inertia effects are

not critical in this problem and that, therefore, either code can adequately
model the instability problem. Although the coarse model correctly predicts
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the onset of instability, the fine mesh must be used to determine cavity wall
behavior.

For the case in which the engineering tensile stress applied to the
assembly was four times the equivalent uniaxial stress due to the torque,

i.e. az / I3 toz = 4, the largest principal stress was a factor of 1.48 larger

than the smallest (ai = 1.48 a3 ) and the "middle" principal stress was a
factor of 1.03 larger than the smallest (a2 = 1.03 as ). This loading condition,

essentially axi-symmetric, was only modeled using DYNA3D.
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Figure 2-17. Normalized displacement of the node at intersection of the
largest principal stress axis with the void surface (AR/Ro where Ro is the

initial void radius) versus an increasing normalized load parameter
(a/5.56ay, where ay is the matrix yield strength) , using the coarse mesh, for
the case in which the engineering tensile, sz, stress equals the equivalent
uniaxial stress, -43 tez, due to the applied shear (torque).
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Figure 2-18. Normalized displacement of the node at intersection of the
"middle" principal stress axis with the void surface (AR/Ro where Ro is the

initial void radius) versus an increasing normalized load parameter
(0/2.49ay, where ay is the matrix yield strength), using the coarse mesh, for
the case in which the engineering tensile, sz, stress equals the equivalent
uniaxial stress, 43 toz, due to the applied shear (torque).
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Figure 2-19. Normalized displacement of the node at intersection of the
smallest principal stress axis with the void surface (AR/R0 where Ro is the
initial void radius) versus an increasing normalized load parameter; (a/ay,
where ay is the matrix yield strength), using the coarse mesh, for the case in
which the engineering tensile, sz, stress equals the equivalent uniaxial
stress, 13 toz, due to the applied shear (torque).
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Figure 2-20. Fine mesh element model with 19 elements along each
coordinate direction (total of 6734 elements). Compare with Figure 2-16.
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Figure 2-21. Normalized displacement of the node at intersection of the
largest principal stress axis with the void surface (AR/R0 where Ro is the

initial void radius) versus an increasing normalized load parameter
(53.1a/5.560y, where ay is the matrix yield strength), using the fine mesh, for
the case in which the engineering tensile, sz, stress equals the equivalent
uniaxial stress, 13 tez, due to the applied shear (torque).
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Figure 2-22. Normalized displacement of the node at intersection of the
"middle" principal stress axis with the void surface (AR/R0 where Ro is the
initial void radius) versus an increasing normalized load parameter
(53.10/2.49ay, where ay is the matrix yield strength), using the fine mesh,

for the case in which the engineering tensile, sz, stress equals the
equivalent uniaxial stress, 43 tez, due to the applied shear (torque).
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Figure 2-23. Normalized displacement of the node at intersection of the
smallest principal stress axis with the void surface (AR/R0 where Ro is the
initial void radius) versus an increasing normalized load parameter
(53.1a/ay, where ay is the matrix yield strength), using the fine mesh, for the

case in which the engineering tensile, sz, stress equals the equivalent
uniaxial stress, -43 toz, due to the applied shear (torque).
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SILVER INTERLAYER TEST RESULTS

The results of the tensile, torsion, and tension/torsion (biaxial) tests

are shown in Figure 3-1. The pure tensile loaded specimen failed at an
applied engineering stress (sz) of 793 MPa [98]. The NIKE2D analysis
reveals that the von Mises or effective stress, aeff, is 145 MPa and the mean

stress (am = al +02+a3/3) is 835 MPa at failure. The typical equivalent
uniaxial stress (43 tez) versus equivalent uniaxial strain (yez/43) behavior
for a torsion test is illustrated in Figure 3-2. The specimen biaxially loaded

with the engineering tensile stress a factor of four greater than the
equivalent uniaxial stress resulting from the shear (i. e. sz / 43 tez = 4) failed

at an engineering tensile stress of 481 MPa and an equivalent uniaxial
stress of 119 MPa. The principal stresses at failure in this biaxially loaded

condition were al = 674.0 MPa, a2 = 469.5 MPa, and a3 = 456.5 MPa (a
nearly axi-symmetric stress state) and the effective or von Mises stress, aeff,

was 211.4 MPa. The specimen equally loaded equally in tension and
equivalent uniaxial stress resulting from the shear (i. e. sz = 43 tot) failed at

an applied tensile stress and an equivalent uniaxial stress of 260.0 MPa.
The principal stresses at failure in this biaxially loaded condition were at =
384.3 MPa, a2= 172.3 MPa, and a3= 68.9 MPa (a highly non-axi-symmetric
stress state), and the effective stress was 280.0 MPa.

As with the pure tensile failures, the biaxially loaded sample, with the

engineering tensile stress a factor of four greater than the equivalent
uniaxial stress resulting from the shear (i. e. sz / 43 toz = 4), failed at a very

low macroscopic equivalent uniaxial plastic strain (less than 0.002). The

sample loaded with equal tensile and equivalent uniaxial stress (sz = -43
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toz) failed at an equivalent uniaxial strain of 0.015. The sample tested with

four times the equivalent uniaxial stress, resulting from shear, than tensile

stress (sz / X13 toz = 1/4) failed at an equivalent strain of 1.023, and the
sample loaded in pure shear (torsion) failed at an equivalent uniaxial strain
of 3.0.

SEM images of the failure surfaces (pure tensile, pure shear, and

biaxial loads) appear in Figures 3-3a through 3-3e.

All show a classic

ductile failure surface with small (micron-size) coalesced microvoids. The
cavities are elongated in the direction of the maximum principal stress.
The displacements of the cavity wall in the axi-symmetric stress case
in which a2 /al equals 0.68 [that simulates the stress case of the engineering

tensile stress a factor of four greater than the equivalent uniaxial stress
resulting from the shear (sz /

toz = 4)], as calculated from the DYNA3D

analysis, are shown in Figures 3-4 to 3-6. The normalized loads versus the
normalized cavity radii are illustrated. Cavity instability is predicted to occur
at ai = 777.0 MPa, a2 = 540.8 MPa, and G3 = 525.0 MPa.

The cavity behavior in the non-axi-symmetric stress case [that
simulates equal axial engineering stress and equivalent uniaxial stress
resulting from the shear (sz = I3 to2)] is shown in Figures 3-7 to 3-9. Note

that the analysis shows that the cavity displacement in the smallest
principal stress direction is negative at instability (resulting in a contraction,

or negative displacement, of the wall), as mentioned in the Procedure
chapter.

This contraction will be discussed later.

The FEM analysis

predicts cavity instability when the principal stresses are ai = 340.6 MPa, 02
= 152.5 MPa, and G3 = 61.3 MPa.
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Constant torque loading tests (pure shear, where the shear was
parallel to the bond line) were performed on the interlayer bonds at several
stress levels. These tests evaluated the time-dependent plastic behavior of

interlayer silver deformed to large plastic strains. The results are shown in

Figure 3-10, which plots the steady-state creep rate versus equivalent
uniaxial stress (I3 tez). The slope of this plot is about 30 and matches the

steady-state (large-strain) strain-rate sensitivity exponent of pure, bulk,
silver [35], as expected. The (parallel) time-to-failure data, also reported in
this figure, confirm that time-dependent, large-strain creep failures occur at

ambient temperature in unconstrained interlayer (high twin density) silver

just as with bulk, polycrystalline, silver. This value suggests that timedependent failures can occur in PVD (as with bulk polycrystalline) silver

over relatively modest time periods, at low stresses. This adds to the
plausibility of the unstable cavity growth mechanism being responsible for

UTS and, especially, delayed failure of silver interlayer bonds.

Unstable

growth would involve large-strain (nearly steady-state) plasticity at the
cavity wall and the rate-dependence of the cavity growth would be that of

the strain-rate sensitivity of large-strain deformation of silver.

Inter layer

silver creep curves subjected to pure shear are illustrated in Figure 3-11
through 3-13.
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uniaxial strain, iezt43, behavior of a silver interlayer specimen tested in
torsion.
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Figure 3-4. Normalized displacement of the node at intersection of the
largest principal stress axis with the void surface (AR/R0 where Ro is the
initial void radius) versus an increasing normalized load parameter
(a/5.560y, where ay is the matrix yield strength), using DYNA3D, for the
case in which the engineering tensile, sz, stress is a factor of four larger the
equivalent uniaxial stress due to the applied shear (torque) (sz / 'J3 t = 4).
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Figure 3-5. Normalized displacement of the node at intersection of the
"middle" principal stress axis with the void surface (AR/Ro where Ro is the
initial void radius) versus an increasing normalized load parameter
(a/2.49ay, where ay is the matrix yield strength), using DYNA3D, for the
case in which the engineering tensile, sz, stress is a factor of four larger the
equivalent uniaxial stress due to the applied shear (torque) (sz / .\13 'rez = 4).

98

7.58E-81
7.88E-01

6.58E-8
6.00E-8

5.58E-6
5 80E-01

4.58E-8
4.88E-8

CE

3.58E-0

.1

3.00E-8

2.58E-8
2.88E-81
1.58E-01
1.88E-01
5.88E -ea

0.06E41E

itIJ

aa

I;

P.
kli
La

aa
4

a
LI
aal
4

aM
tai
aal
4

al;

n.

iaa

61
I

6

i
I
La

a0

Loading Parameter

Figure 3-6. Normalized displacement of the node at intersection of the
smallest principal stress axis with the void surface (AR/Ro where Ro is the
initial void radius) versus an increasing normalized load parameter
(a/2.49ay, where ay is the matrix yield strength), using DYNA3D, for the
case in which the engineering tensile, sz, stress is a factor of four larger the
equivalent uniaxial stress due to the applied shear (torque) (sz / q3 tez = 4).
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Figure 3-7. Normalized displacement of the node at intersection of the
largest principal stress axis with the void surface (AR/R0 where Ro is the
initial void radius) versus an increasing normalized load parameter
(a/5.56ay, where ay is the matrix yield strength), using DYNA3D, for the

case in which the engineering tensile, sz, stress equals the equivalent
uniaxial stress,

tez, due to the applied shear (torque).
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Figure 3-8. Normalized displacement of the node at intersection of the
"middle" principal stress axis with the void surface (AR/R0 where Ro is the

initial void radius) versus an increasing normalized load parameter
(a/2.49oy, where ay is the matrix yield strength), using DYNA3D, for the
case in which the engineering tensile, sz, stress equals the equivalent
uniaxial stress, 43 toz, due to the applied shear (torque).
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Figure 3-9. Normalized displacement of the node at intersection of the
smallest principal stress axis with the void surface (AR/R0 where Ro is the
initial void radius) versus an increasing normalized load parameter (a/ay,
where ay is the matrix yield strength), using DYNA3D, for the case in which
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tez, due to the applied shear (torque).
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Figure 3-10. Steady-state creep rate of interlayer silver versus equivalent
uniaxial stress. The interlayers were loaded in pure shear (no constraint)
using torsion, at ambient temperature with zero axial stress.
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Au-Ni INTERLAYER TEST RESULTS

The mechanical properties of the unconstrained braze metal can be

determined by shear (e.g. torsion) testing of the brazed assembly, where

the mechanical constraint by the base metal is essentially eliminated [2].
The equivalent uniaxial stress (-43 toz) versus equivalent uniaxial strain (7 /

43) behavior of the braze alloy is shown in Figure 4-1. The equivalent

uniaxial (true) fracture stress is about 920 MPa and is similar to the
reported tensile values in the literature for the braze alloy [12, 99, 100]The

results are also similar to those of the wire specimens tested in this study,
as shown in Figure 4-2. Differences may exist because the microstructure
of the material is very dependent on the cooling rate.

The ultimate tensile strength (UTS) of the braze assembly (50 gm
Au-Ni braze between maraging steel) was found to range from 965 to 1001

MPa, higher than the unconstrained Au-Ni interlayers tested in torsion, due

to mechanical constraint. The plastic strain to failure was found to be less
than 0.005, as determined from the in situ optical system described earlier.
The maraging steel base metal was found to have plastically deformed to a

strain of, approximately, 0.005 during UTS testing of the Au-Ni brazes, as
determined by micrometer measurements.

The results of the delayed failure tests on the Au-Ni brazes are
shown in Figure 4-3, which reports the "rupture time" vs. applied stress.

The UTS tests are reported in this figure as, reasonably, 1-second
"delayed-failure" tests. The results of silver interlayers joining maraging

steel base metals with a similar t/D ratio (in which delayed failures are
observed) are also plotted. Note that, as of the date of the submission of
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the final draft of this manuscript, delayed failure of the Au-Ni interlayers
was not observed after a relatively lengthy period (more than two and a
half years) at 99.5% of the UTS, and are reported as tests in progress.

Because of the relatively high brazing temperature (960°C versus

400°C for the solid-state bonding of the PVD-Ag interlayer bonds), the
precipitation hardened maraging steel was tested for softening. As the
applied stress approaches the UTS of the Au-Ni braze assembly, the steel

plastically deforms slightly. As shown in earlier work [98], base metal

deformation causes concomitant strain within the interlayer, which can
lead to lower failure stresses. It is believed that the Au-Ni delayed failure
results may still be meaningfully compared to the "elastic" base metal PVD-

Ag results since the former behavior represents conservative behavior;
purely elastic base metals would presumably be as resistant or yet more
resistant to failure.

As mentioned, the stress sensitivity, N, is a measure of the
dependence of the flow stress of a material of fixed structure with strain-

rate (or, alternatively, the "creep rate" change with a change in applied
stress). The exponent can be estimated by measuring the "instantaneous"

change in flow stress with a sudden change in strain-rate or crosshead
speed, after some plastic deformation, Ep. N was found to be approximately
260. If the flow stress change occurs both, after ep is relatively large where

the hardening rate at E1 is small and the "new" flow stress G2, after the
strain-rate change to E2, is measured after a comparable additional strain

ep (i.e. ep plastic strain offset), then the rate sensitivity, N, actually
approaches the steady-state rate sensitivity, n.

Although steady-state
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behavior was not quite observed, a value of n =110 was measured, based

on strains before failure and after the strain-rate change, where the
observed hardening rate was small. For comparison, it was found that for
silver, N - 250 while n was much more stress sensitive at approximately 20
[35, 36].

Figure 4-4 shows SEM ductile-fracture micrographs of the Au-Ni

braze interlayers. Whereas the silver shows uniform, equiaxed, ductile

dimples ranging in diameter from 1 to 10 gm, the Au-Ni shows a
considerable variation in ductile dimple size (ranging in diameter from
submicron to 50 gm).

TEM of the

Au-Ni braze revealed a very fine two-phase

microstructure (of the order of 0.1 gm), as shown in Figure 4-5. The
selected area electron diffraction (SAED) pattern in Figure 4-6 shows that

the orientation of the two phases was coincident; the separated, fine,
diffraction spots (due to a difference of composition) are aligned. These
findings are consistent with the two phases having spinodally decomposed

from a single, polycrystalline, high temperature phase, although a
nucleation and growth decomposition is possible [48]. The composition of
the two phases was estimated to be 85 at.% Au and 15 at. % Ni for the Au

rich phase and 17 at.% Au and 83 at.% Ni for the Ni rich phase based on
lattice parameter measurements from the selected area electron diffraction.

The error in the compositions is approximately +1- 8 at.%. The composition

of the Au-rich phase contains more Ni, and the Ni-rich phase contains

more Au, than the phase diagram predicts at ambient temperature.
Therefore, despite the relatively slow cooling cycle, the phases are not of
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an equilibrium concentration. The composition and weight fraction of the
phases are consistent with the overall composition.
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Figure 4-1. Equivalent uniaxial stress (Tez43) versus equivalent uniaxial
strain (yez/43) for Au 57.5 at.%/Ni 42.5 at.% braze alloy bond tested in
torsion at ambient temperature and at an equivalent uniaxial strain-rate (e)
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Figure 4-4. SEM micrographs of the Au-Ni fracture surface.
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Figure 4-5. TEM micrograph of the Au-Ni braze.
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Figure 4-6. SAED diffraction pattern of the Au-Ni alloy. The zone axis is
[011]

.
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DISCUSSION OF SILVER INTERLAYERS

The Huang, Hutchinson, Tvergaard numerical analysis of cavitation

instability applied to a matrix with the properties of the silver interlayer,
predicts instability during axi-symmetric loading when the mean stress to
yield stress ratio (am/ay) is 3.8 for an elastic/perfectly-plastic metal, when the

largest principal stress is only slightly greater than the two smaller principal

stresses. Huang et al. predict ductile failure by cavity instability without far-

field plastic strain (i.e., the macroscopic ductility is near zero).

They

investigated cases where ai>0.75 a2 and a3. The experimentally observed

am/ay ratio at failure for pure tensile loading of the constrained silver
interlayers, which results in an axi-symmetric principal stress state where 02
and a3 are approximately 0.80 al, is 3.4 in this study, in close agreement. It

appears, then, that the mechanism for the failure of the silver interlayers
may be due to the unstable growth of cavities which leads to catastrophic

interlayer failures without far-field plasticity.

A comparison was made

between the experimentally observed principal stress state, at failure, to the

stress level required for unstable cavity growth as predicted by the FEM

analysis for more complex stress states.

These stress states were

produced in interlayers loaded with both equal "portions" tensile load and
torsion load (sz = q3 tez), which results in an non-axi-symmetric stress state

(such stress states were not investigated by Huang et al..), and four times
tension to torsion (sz / q3 tez = 4), which results in an axi-symmetric stress
state with a a1/452,3 ratio much larger than that investigated by Huang et al.

Agreement was within 14%, which strongly suggests that the ductile failure

of the silver under general high triaxial stress states (a variety of axi-

115

symmetric and non-axi-symmetric stress states) is due to the unstable
growth of cavities.

The negative motion of the cavity wall in the smallest principal stress

direction as predicted by the finite element analysis for the case of equal
tension and torsion biaxial loads (sz = 43 tez in Figure 3-9) is inconsistent

with SEM inspection of the fracture surface (Figure 3-3c).

The ductile

fracture surface does not indicate a negative cavity wall displacement. One

explanation for this disparity is that, perhaps, cavity-cavity interaction

changes the interlayer stress state such that expansion does occur.
Despite this disparity, it is, nonetheless, encouraging that the predicted
stress levels for instability in all principal stress directions occurs at stresses

that are very near those observed experimentally. Furthermore, the model

shows that despite contraction in one direction, the total cavity volume
nonetheless increases. (Cavity expansion in three orthogonal directions in

pure shear indicating the actual stress state at failure are probably slightly
different than that predicted on the basis of the applied loads.)

Given the similarity between the fracture surfaces of the short-term

tensile tests and the delayed-failure (creep or low-stress) tests, it would
appear that the same fracture mechanism of unstable cavity growth is also
relevant to delayed failure. Cavity growth can occur at low stress levels in

delayed-failure tests according to the unstable cavity growth model
because of the strain-rate sensitivity of steady-state plastic flow. Basically,

the steady-state stress (or yield stress as used here) is rate dependent so
that the required am / ay ratio for unstable cavity growth can be satisfied at
lower applied (am) stresses. The growth of cavities will simply occur at low
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strain-rates at low Gm values; hence, "creep" or delayed failures. It appears,

then, that the time-dependent failures can also be explained with an
unstable cavity growth model. Not surprisingly, the stress dependence of
the time-to-rupture of constrained silver interlayers is similar to that of the
delayed failure of unconstrained interlayer specimens. This is despite the
fact that for the unconstrained interlayers, the plastic strain to failure is 3 to

4, while for tensile loading, it is over 3 orders of magnitude less. (The

agreement between the exponents or slopes is even better if tf for
constrained interlayers is plotted versus the effective stress within the
interlayer, rather than versus s2).

As the applied engineering stress in the creep-rupture failure tests
drops below some critical level, say about 60 MPa, delayed failure may not

be observed over relatively long periods (years). That is, from Figure 1-12

there appears to be a threshold stress for delayed failure in the silver
interlayers. This can be explained by the stress dependency of cavity

nucleation, which is believed to occur as a result of the onset of (micro-)
plasticity within the interlayer. The plasticity would lead to cavity nucleation
by either a Zener/Stroh [46] or an anti-Zener/Stroh [64, 65] mechanism.

It

would be expected that the nucleation would have a stress sensitivity

corresponding to that of the small strain (constant-structure) stress
exponent which is over 200 for silver [36]. At stresses near the yield stress
of silver (determined at modest strain-rates), the small plasticity required for

cavity nucleation is the rate-controlling step for delayed failure. The slope
of the time-dependent failure plot would be expected to be near 200, and

would result in the appearance of a threshold stress.

Once a cavity is
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nucleated, it grows more rapidly due to the growth being less stresssensitive. The "threshold stress", therefore, might better be described as
the strain-rate insensitivity of cavity nucleation. That is, because the yield
stress does not substantially change with strain-rate, and cavities cannot

nucleate without plasticity, the time-to-failure at low stresses would be
associated with the time dependence of small strain accumulation (N =200).

Above the yield stress (determined at ordinary strain-rates), cavities
nucleate quickly (basically upon loading) and failure would be controlled by

the unstable, large strain, growth of the cavities. The time-to-failure would,

therefore, be associated with the steady-state flow stress (n-20-30). This
concept is illustrated in Figure 5-1.
If the failure stress or time is controlled by the cavity nucleation rather

than growth, it might be expected that the effective stress, rather than the
mean stress, Gm, at failure would be the fracture criteria. Therefore, under
different loading conditions, the effective stress at failure would be expected

to be constant.

As shown by the biaxial tests, however, the effective

stresses for different loading cases are substantially different.
The defect mechanism for the growth of the cavities is undetermined.

As mentioned, the cavity growth would appear to require either dislocation

emission from the cavity wall or the activation of dislocation sources near
the wall. As mentioned earlier, blunt crack tips in ductile metals have been
observed to expand by dislocation emission [60].

The requirement for unstable cavity growth may be achieved in
material systems other than constrained, thin, interlayers. For example,

the model may also be of use in understanding fracture in a necking
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tensile specimen, in composites, and in high temperature creep specimens

(in which triaxial stresses can be developed on grain boundary faces
perpendicular to the applied stress [15] in polycrystalline materials that are
subjected to a tensile stress).

V

Nucleation time (small strain plasticity)

Nucleation control and apparent threshold stress
N=200

Growth control

log tr
5*.

n=20

Growth time

log oeff

Figure 5-1. Conceptual delayed-failure behavior for the constrained silver
interlayers. At higher stresses, cavities nucleate upon loading and grow in
an unstable but time-dependent manner; the time-to-rupture is related to
the effective stress within the interlayer by the large-strain (steady-state)

stress exponent, approximately 20 for silver.

At lower stresses, the

nucleation process becomes the rate controlling step; the time-to-failure is
related to the effective stress in the interlayer by the constant structure
stress exponent of approximately 200. The stress insensitivity appears as a
"threshold" stress.
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DISCUSSION OF Au-Ni INTERLAYERS
As discussed, the am/ay ratio at failure for the silver interlayers tested

in tension was near 3.8. This is the ratio analytically derived by Huang et
al. for ductile failure by unstable cavity growth with insignificant far-field or

macroscopic plastic strain in an elastic/perfectly plastic material. This ratio
was confirmed in this study by experiments as well as by the FEM analysis

of the ratio required for unstable cavity growth that would lead to failure.

An estimate of the mean stress at failure within the Au-Ni interlayers
subjected to a tensile load can be estimated from the FEM analysis of
loaded silver interlayers [4]. This analysis suggests a mean stress, am, of
approximately 1200 MPa at the UTS for Au-Ni brazes, and a am/ay ratio of
1.4. This ratio is far lower than that required for unstable cavity growth. It is

expected that the FEM analysis would overestimate the radial and hoop
stresses, arr and aeo, that result from the mechanical constraint provided by

the base metal, due to the higher yield strength of Au-Ni as compared to
silver.

Therefore, the mean stress, am, for Au-Ni brazes is probably

overestimated, thus further lowering am/ay.
It

appears, then, that in the absence extremely high stress

concentration within the interlayer, a mechanism other than unstable cavity
growth must control the ductile Au-Ni constrained interlayer tensile failures.

A more likely ductile fracture explanation is "nucleation and coalescence",
which was proposed earlier by Kassner et al. [98, 101, 102] to explain low

macroscopic strain ductile failures. According to this theory, UTS failures
would occur as a consequence of continued nucleation of small, e.g. nmsize, nuclei as a result of the increasing plastic strain that accompanies the
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increasing applied stress in a UTS test.

Initially, a few nm-sized cavities

nucleate with small plastic strain. Additional nucleation results from a
small additional macroscopic strain until, at a critical stage, cavities get

sufficiently close and "instability" occurs (which may involve new
nucleation between closely spaced nuclei), and there is coalescence
between the small nm-sized cavities, forming larger cavities. Additional

nucleation occurs in regions near the cavities until the interlinkage of

larger cavities (formed from nuclei that have "linked") leads to "final"
rupture. Uniform expansion of the cavity does not occur. This concept is

shown in Figure 6-1.

Other theories for small strain, ductile failures

assume pre-existing nuclei and suggest a vague mechanism of void
coalescence over many void diameters by shear banding or "overlapping
stress fields" [6, 13, 14].

Figure 6-2 illustrates the process of nucleation and coalescence in

the simplest form. The small plastic strain, Ep, within the interlayer is a

result of dislocation activation by the effective stress upon loading.
Dislocations pile-up at the interfaces, leading to the nucleation of cavities

of diameter, d. As the spacing between cavities, I, decreases, the stress
between cavities increases (leading to further very rapid nucleation without

a further increase in stress) until final rupture occurs. The necessary

plastic strain for this process to occur over a sufficient fraction of the
interface, so that catastrophic failure occurs over the entire interface, is
calculated in the following way [98]. First, the average uniaxial strain can
be related to dislocation motion in the interlayer by:
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ANd(1121

Ep

spD

3

(23)

where x is the average distance of dislocation glide, sp is the average
"extended" slip plane length (approximately 42 t), N d is the number of
moving dislocations and t and D are the interlayer thickness and cavity
diameter, respectively.

If P is the number of slip planes per bond line length, I = sp14, and
np is the number of mobile dislocations per slip line length, then:

Ep

If d/I =

=

(24)

npPbt

nplbP14 at the bond line, then:

(25)

This equation directly relates the plastic strain to the cavity spacing and

diameter at a "centerplane". There will be a critical diameter-to-spacing
ratio for local instability or rupture to occur, or (d 1 Ociarc". The critical plastic

strain to failure in interlayers is given by:
en' = (d / Writ

1

116-

Predicting (d I I);ocru

(26)

is difficult, at least partially because a failure criterion

that includes the effects of the stress state and the defect configuration has
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still not been established. West et al. [6, 8] using analytical techniques,

suggested critical d/I values near 0.2, which is consistent with the
experimental observations of Kassner et al. [98]. If (d / 1):: is estimated to
be 0.2, then the Ep for failure at the relevant applied stresses is estimated to

be 0.08. This suggests that the mechanism described above can account

for the relatively small observed plastic strains-to-failure. The observed
strains, measured by the previously described optical system at less than

0.005, appear lower than the above predicted values. This disparity may
result from the strain becoming localized as cavities nucleate. That is, the

strains in the vicinity of the "fracture plane" are near 0.08 prior to
catastrophic failure, but the macroscopic strain is less.

The appearance of the Au-Ni fracture surface, as shown in Figure 4-

4, may support the nucleation and coalescence theory.

The fracture

surface appears to have submicron pores, evidence, perhaps, that several
smaller "cavities" (nuclei) have joined to form the larger ones.

The explanation for increased resistance of Au-Ni interlayers to
delayed failure as compared to the silver interlayers is possibly due to of

the difference in failure mechanisms. The failure mechanism for silver
interlayers is large strain deformation occurring at the cavity wall as the
cavity undergoes unstable growth. If the Au-Ni interlayers failed by the

unstable growth mechanism (perhaps due to some, large, stress
concentration), it would be expected that the delayed failure would have a

slope close to n, or the steady-state (or large-strain deformation) stress
sensitivity exponent of about 115. However, the slope appears to be much

greater than 115 and may indicate that the dependence is on a "small
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strain event" which is consistent with the nucleation and coalescence
mechanism (rather than unstable cavity growth). The exponent for such

"small strain events" would correspond to the constant structure stress

exponent, N-250. The "delayed failure" plot for Au-Ni appears to be at
least as "steep" as such an N would suggest.

If the steady-state stress exponent was dramatically larger for silver

interlayers, for example 200, and the am/ay ratio was still sufficient for
unstable growth, the cavities would grow very slowly at lower (less than
UTS) stresses and delayed failure would not be observed over reasonable
periods If, also, am/ay was less than that required for unstable growth,

delayed failure by the nucleation and coalescence mechanism would be
slow since N is large. Analogously, in the Au-Ni interlayers, the required
am/ay is not achieved, voids do not grow, and a different fracture process of

nucleation-coalescence becomes controlling. The stress dependency for

nucleation (small plastic strain accumulation) as measured by a stress

exponent is large and delayed failure is not observed after an extensive

length of time.

If the cavities could grow, the time dependency would

become that of a large strain event, and time dependent failures might be
observed, but the stress exponent would still be relatively high.
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(a)

(c)

(b)

.4-

-0-

4

(d)

(0)

Figure 6-1. Nucleation-based theory for ductile fracture under high triaxial
stress. (a) A few nm-sized cavities nucleate with small plastic strain. (b)
Additional nucleation occurs with a small additional macroscopic strain.
(c) At a critical stage, cavities get sufficiently close, "instability" occurs
(which may involve new nucleation between closely spaced nuclei), and

there is coalescence between the small nm-sized cavities and larger
cavities form. (d) Additional nucleation occurs in regions near the cavities
and further interlinkage occurs. Uniform expansion of cavities does not
occur. (e) The interlinkage of larger cavities (formed from nuclei that have
"linked") through continued nearby nucleation leads to "final" rupture.
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Base metal

Base metal

D

Figure 6-2. Dislocation pile-ups at the three principal interfaces leading to
the nucleation of small cavities.
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CONCLUSIONS

1. Thin, constrained, silver interlayers were loaded to failure in tension and

combinations of tension and torsion.

The loads introduce high triaxial

stress states (low effective or von Mises stress) leading to low macroscopic

plastic strain ductile failures. These failures occur at higher loads than in
unconstrained metal.

2.

Excellent agreement is observed between the measured triaxial failure

stress state in both pure tensile and biaxially (tension/torsion) loaded silver

interlayers and the analytically and numerically determined triaxial stress
state required for unstable cavity growth. This agreement is observed for a

range of cases where the resulting principal stress state is either axisymmetric or non-axi-symmetric. This is consistent with the proposition that

the mechanism of failure in these constrained interlayers is unstable cavity

growth. The growth occurs at critical ratios (typically near 4) of the mean
stress, am, to the yield stress, ay.

3. Within the silver interlayers, cavities nucleate at relatively low stresses
(upon loading) and the cavity growth is characterized by large scale, local,
plasticity, without far-field strain. This mechanism for ductile failure, in these

cases of high triaxial stresses, explains the very low interlayer macroscopic
plastic strains.

4. Delayed or "creep" failure of the silver interlayers can also be described
by the same unstable cavity growth mechanism, with slower cavity growth
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at lower applied stresses (lower am) predictable by the strain-rate (or stress)

sensitivity of silver deformed to relatively large plastic strains. That is, the

flow stress (ay) is reduced for lower cavity expansion rate. The unstable

cavity growth mechanism is also consistent with the activation energy
measurements for these failures.

5. The "threshold stress" below which delayed failures of silver interlayers

are not observed, appears to be due to the strain-rate insensitivity of the
nucleation process.

6.

Unstable cavity growth may also be applicable to other ductile fracture

processes, such as those that can occur in tensile specimens where
necking may occur, composites, and, perhaps, high temperature creep
failures.

7. TEM of the Au-Ni interlayer brazes show a very fine-grain (0.1 gm) two
phase microstructure, with both phases coincidentally oriented.

8. The UTS of the Au-Ni bonds is high largely due to a high interlayer yield
strength that results from the refined microstructure.

9. Tensile failures in the Au-Ni interlayers do not appear to be due to the
unstable growth of cavities as in the silver brazes, as the am/ay ratio at the

UTS is low. Rather, the mechanism appears to be one of nucleation and
coalescence, where very small nuclei are produced by micro-plasticity and

128

direct interlinkage is achieved once a critical nucleation density is
achieved. Uniform cavity growth does not appear to occur.

10. Delayed failure of the Au-Ni interlayers, even at a high fraction of the
UTS has not yet been observed, perhaps due to the strain-rate insensitivity
of "cavity" nucleation.
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FUTURE WORK

Cavity Growth

The defect mechanism for the unstable cavity growth in the silver
interlayers is, as mentioned previously, unclear.

Earlier examination of

silver interlayers loaded to progressively larger percentages of times-torupture failed to discern any growth in the cavities beyond about 1 gm, only

an ever increasing quantity of cavities. With unstable cavity growth, it
would be expected that the cavity diameters would steadily increase. Very
small cavities, e.g. less than 0.2 gm, were not observed as would expected

for such a mechanism.

This may be due to the method of specimen

preparation (chemical etching of thin specimens). Two new approaches
are proposed. First, the interface of a single specimen would be carefully
examined by SEM at various fractions of the expected rupture time of static

tests, by repeated unloading followed by about 100 gm machining to the
depth of new cavity nucleation [4, 98]. Analogous experiments using UTS

tests in which specimens are examined at various stress levels up to
fracture may be difficult since the range of stress prior to fracture in which

cavity nucleation is observed may be small.

Furthermore, for delayed

failure tests, fracture occurs at relatively low stresses and hence, a larger
number of cavities may be observed prior to fracture.

Second, these examinations of growth would utilize ion etching
rather than the chemical etching previously used. It is believed that the

use of ion etching, combined with higher quality SEM facilities, would
increase the magnification and resolution over the previous examinations.

In addition, higher TEM accelerating voltages would, naturally, enhance
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the examination of the interfaces in the relatively dense silver.

Further

examinations of the cavities with less deformation due to specimen
preparation (mechanical dimpling) may assist discovery of the dislocation
mechanism associated with cavity growth and nucleation.

Further FEM Analysis

The FEM analysis on the silver interlayers assumed homogeneous
and isotropic behavior. In reality, the silver interlayers are comprised of
areas that contain the relatively strong as-deposited microstructure (which

consists of high density growth twinned grains that are oriented
perpendicular to the bond line and aligned to a <111> direction) and large

areas of the recrystallized silver microstructure which contains numerous

annealing twins. This microstructural inhomogeneity would create elastic

strain incompatibilities due to anisotropy of the elastic modulus. A new
finite element analysis, using NIKE3D or DYNA3D, on the interlayer, with

half the interlayer modeled with twinned microstructure (<111>
perpendicular to bond plane) and the remaining half with the properties of
recrystallized silver of a random crystallographic orientation, should give a
better indication of the interlayer stress state.

Also, a more accurate stress state within the Au-Ni interlayers
should be determined. The results of the NIKE2D analysis of the silver
interlayers was used to give an upper bound to the mean stress developed
by an applied tensile load in the Au-Ni interlayers. In reality, the radial and

hoop stress (arr and ow)) are probably very small and, therefore, the mean
stress at failure, am, is probably yet smaller for the am /ay ratio required for
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unstable cavity growth. Conducting a new NIKE2D analysis of the
interlayers using the properties of Au-Ni, determined by torsion testing,
would enable the stress state to be better quantified.

Au-Ni Effective Stress Examination

If the Au-Ni interlayers fail by the nucleation/coalescence model as
discussed earlier, then the effective stress within the interlayer should play
a critical role in the failures. It was shown that the effective stress within the

silver bonds dramatically changes in the different biaxial loading tests,
indicating that the failures were not determined by the effective stress.
Biaxial tests on the Au-Ni bonds can determine whether the effective stress

changes at failure.

Obviously, a finite element analysis on the Au-Ni

interlayers, which would be needed to determine the interlayer stress state,
and therefore, the interlayer effective stress, would need to be completed.

Alternate Specimen Geometry

If, as explained earlier, unstable cavity growth may be used to
explain ductile failure in a variety of systems such as high temperature
creep specimens and composites, it would be interesting to test whether
failure occurs at the required stress level in these systems. Unfortunatly, it
is extremely difficult to determine the stress state in many of these systems.

One exception may be a necking tensile specimen, where Bridgeman
[103] has analyzed the resulting radial stress versus the neck radius and
applied stress. A series of tests to determine the mechanical properties of
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the unconstrained tensile specimen and neck radius at failure should
determine whether the unstable growth model is applicable to this system.
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Zener/Stroh Modification
As mentioned, Stroh [45-47] examined the stress required to form a

crack via a dislocation pile-up by examining the release in strain energy
due to the crack formation, as given by Eschelby et a/. [44], versus the gain

in surface energy, in a manner identical to the well-known Griffith criteria
for crack formation [48]. If a tensile stress, a, is applied acting across a
crack of length r, the energy of the crack is:

v)a2r2 /G +27,r

(1)

where G is the shear modulus, v is the Poisson's ratio, and y is the surface

energy (per unit area). Letting y= abG, where b is the Burger's vector and

a is a dimensionless quantity (around 0.06 for most metals [45]) the
requirement for crack formation (i.e. a reduction in the system energy) is:

> 4[
C71.2

a
n(1- v)

b2G

(2)

Stroh accomplished this by finding the total stress state around the

dislocation pile-up, due to both the dislocation pile-up itself and the
applied stress, finding where that total stress was greatest, and applying
that largest stress to the Griffith criteria. To find the total stress, Stroh first
found the stress due to all of the dislocations except the one at the pile-up

tip, and then stress due to that single dislocation plus the applied stress.
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Shown here is, first, his derivation and second the modification to his
derivation to account for biaxial state of stress.

If there are n dislocations in a pile-up, acted on by a shear stress to,

as shown in Figure A1, then the stresses due to the (n-1) free dislocations
(behind the lead dislocation) are, according to Stroh [45):
1
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where Izl = r and arg(z) = n+0, and terms of order
neglected.

n2

have been

Note that the angle at which the slip plane exists within the

material is irrelevant, as will be shown later.

In addition to the stress due to the pile-up, there are stresses due to

the lead dislocation and the applied shear stress. These are:
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Figure Al. A dislocation pile-up in a material subjected to a pure tensile
stress.
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From equations (3) and (4), the total stresses around a dislocation pile-up
are:

1

2(0.+ a yy)

Sin 0

2r

2(n/r)2 sin(
9)

(5a)

2

1(
-2 ka'z'

sin 0 cos2 0

aYY)

r

To

1-

I" = 1 +

*OS 0

sin 0 sin 29)

2r

To

1

L

(5b)

sin ()sin Le
2

(5c)

0
0
+(y)-2r 2 sin --)
2 + sin 0 cos 2

(rX.)2(cosM
2

Since r is much greater than 1/n, the terms in 1/r are small compared to
those in -4(n/r). Neglecting these terms, the stresses become:

2

= 2(1X.)1sin(-2°-)

(6a)

zo

1

2 (a.r

ary
o

=

(r/q 2sin()+
9
sin Ocosl
2
2

30)
(11/Y 2k_0)
2 _sin On
.

(6b)

.

(6c)

The normal stress acting on a plane OP making an angle 0 with the
slip plane is:
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a,)

+ o-,

a=

cos20 o- sin20
xY

2

2

= 2(1-L-1 Z s in

°cos- 0

(7)

or:

2

1

2

°

(8)

which is valid when r is much less than L (i.e. for distances near the crack
tip).

Differentiating equation (8) with respect to 0, the maximum normal

stress is found to occur when 0 = 70.5°, giving a maximum normal stress
value of:
1

I1/

2 )(Lir, y;

amax

(9)

comparing equations (12) and (2), it is found that the condition to form a
crack of length r is:

>

no

However, since:

Lo =

Gbn
11(1- 01-0

this can be rewritten as:

}i(bT
Lo

(10)
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12ys
nb

°

(12)

which is Stroh's original condition for cavitation. In later works he modified

the calculation slightly to account for stress relaxation in the pile-up. This

requirement was refined by several investigators, most recently by
Sarfarazi and Ghosh, who found the condition for nucleation to be:

plizArs
Z, >

nb

(13)

which is lower than Stroh's result by about a factor of ten.

The modification given below is to Stroh's original theory, which
although later refined, is accurate enough to show the action of adding a
secondary stress to the body containing the dislocation pile-up. The new
stress condition is shown in Figure A2, where a second applied stress has
been added. Of interest is how the Stroh criteria is modified by that second
stress; to make the modifications easier, let the new stresses be al and a2,
and let them be related by:
al

a2

2

=z0

(14)

so that the shear stress acting on the dislocation pile-up remains the same
as in Stroh's calculations. This means that the stress affect due to the pileup remains the same (the pile-up itself does not change). Figure A3 shows
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a Mohr's circle representation of the two states of stress, both Stroh's and

the new one. By keeping the total shear stress acting on the pile-up the
same, the affect of adding a second stress is to move the Mohr's circle of
stress to the right a total of 02. Any point on the original circle is moved to

the right by this 62 value. For example, in Figure A3 point "a" on the left

circle is moved to point "b" on the right. The angle Stroh places the pileup, therefore, does not affect how the stress state is modified. Because the

resolved shear stress does not change, equations 3a, 3b, and 3c do not
change. The new acting axx, ayy, and txy stresses are:

6.

a

a11

2

(15a)

2

(15b)

2

al a
YY

2

and txy remains is unchanged. In Stroh's calculations
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1

+
2

is added

and txy is subtracted from axx and ayy, resulting in a2 being added to both

axx and Gyy. Therefore:
Grz, + ayy

Q

ayy + 2 0-2

2

2
az,

ogyy

2

txy 3txy

Equation (6a) becomes:

2

6 + Cr
2

+ a2

(16a)

(no change)

(16b)

(no change)

(16c)
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-1-(a,cc+ a)
2

= 2(n/Y
r

sin 2-) + 62

(17)

o

Equation (7) becomes:

a (a- + ayy)

(a-

2

ayy)

2

a sin 20

(18)

and equation (8) becomes:

1
a= 1(1=0 yTo sin ucos-2
u+ 0-2

2

(19)

r

This equation gives the new normal stress acting on a plane making an

angle of 8 with the pile-up. Note that a2 does not have a 9 dependence,
leaving equation (9) unchanged. Substituting these results into equation
(2) yields:

°

12y3
bn

3o-211(1v)r
2

8bnG

(31-10

bnG

v)r y

02

(20)

The third term in this equation is very small compared to the second, so the

new criteria for cavity nucleation, which now includes a dependence on
the secondary 02 stress, becomes:

°

12ys 3a211(1v)r
2
bn +
8bnG

(21)
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To evaluate equation 21, it is assumed that b = 3x10-8 cm, n = 100
dislocations, n = 0.3, L0 = 10-4 cm, r = 10b, G = 56 GPa, 02= 500x106 Pa,

and y = 10-4 J/cm2. The first term in equation (21), which is the nucleation
stress criteria determined by Stroh is:

12 rs

bn

- 400MPa

whereas the second term is:
30211(1- v)r
8bnG

2.9MPa

which is over 2 orders of magnitude smaller. Adding a second applied

stress, therefore, is negligible. The Stroh criteria for cavity nucleation,
therefore, can be applied to the biaxial loading cases explored in this work.
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G1

62

G2

Dislocation pile-up

Figure A2. A dislocation pile-up in a material subjected to a biaxial state of
stress.
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Figure A3. Mohr's circle of stress representation of the original stress state

used by Stroh, which appears on the left, and the modification made to
account for a second additional stress, which appears on the right.
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