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Deformation of metallic glasses requires the existence of free volume to allow
atomic movement under mechanical loading. Accordingly, the present research seeks
to understand how free volume variations in alloys of identical compositions affect the
fatigue and fracture behavior. By annealing below the glass transition temperature,
the free volume of a Zr-based bulk metallic glass was varied via structural relaxation.
Differential scanning calorimetry was used to quantify enthalpy differences between
the relaxed and as-cast materials which are then related to free volume differences.
Although structural relaxation showed a pronounced effect in reducing the fracture
toughness, a reduction in free volume increases the fatigue strength of the bulk
amorphous alloy. Mechanistically, the fatigue properties associated with a free volume
variation differ significantly with respect to crack initiation. Surprisingly, the fatigue
crack-growth behavior was found to be relatively insensitive to bulk free volume
differences. Depth-profiled Doppler broadening spectroscopy (DBS) was utilized to
perform local depth profiling of fatigue fracture surfaces to characterize local free

3
volume differences. It’s demonstrated that the intense deformation near a fatigue crack
tip result in a local increase in free volume, which in turn determines the local flow
properties. The effect of residual stresses on the fatigue and fracture behavior was
also investigated. The superimposition of compressive stresses induced by thermal
tempering during processing was found to retard fatigue crack propagation and to
improve the fracture toughness.
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1. INTRODUCTION

Bulk metallic glasses have emerged over the past fifteen years as materials
with unique and attractive properties due to their near theoretical strengths combined
with reasonably high fracture toughness, excellent corrosion resistance, high
formability and low damping. A number of alloy systems have been developed that
may be processed in bulk amorphous form (>1mm section thickness). The first
commercial metallic glass alloy with composition Zr41.25Ti13.75Ni10Cu12.5Be22.5 [1],
known as Vitreloy 1™, is used today in several commercial applications and has
received considerable attention with regard to its fracture and fatigue properties [212]. An understanding of the mechanical properties of such alloys is paramount if
these materials are to realize their potential as structural materials, with fatigue
properties being of critical importance for applications involving cyclic loading. Thus,
the effort to understand the micromechanisms that control the fatigue properties of
metallic glasses presents an ongoing area of research.
Although metallic glasses do not have a traditional microstructure like their
crystalline counterparts, structural differences may exist which can affect the
mechanical properties. The deformation of metallic glasses requires the existence of
free volume, i.e., extra volume relative to a fully dense glass, that is frozen into the
atomic structure and allows physical space for atomic movement under mechanical
loading [13-15]. One property which has been considered a limitation for these
materials has been poor fatigue resistance relative to traditional crystalline metallic
materials [7, 9]; however, not all studies to date have been in agreement on this point,
e.g. see refs. [16-18].

It should be noted, however, that an important factor in
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determining the mechanical properties of bulk metallic glasses is the free volume of
the material [19-23]. Accordingly, the present research seeks to understand how free
volume variations between alloys of identical compositions affect the fatigue behavior.

This manuscript is constituted of three publications, published or to be
published in scientific journals, which demonstrate the role of free volume on the
fatigue and fracture behavior of bulk metallic glasses. The first publication “Influence
of structural relaxation on the fatigue behavior of a Zr41.25Ti13.75Ni10Cu12.5Be22.5 bulk
amorphous alloy” [24], demonstrates that as-cast amorphous alloys with the same
nominal compositions can exhibit significantly different fatigue behavior. It is
believed that the processing cooling rate is predominant in determining the structure
and properties of bulk metallic glasses. In the second publication, “Quantification of
free volume changes after structural relaxation in a Zr41.25Ti13.75Ni10Cu12.5Be22.5
amorphous alloy” [25], the free volume of a bulk amorphous alloy was varied by
structural relaxation and quantified by differential scanning calorimetry. Finally, the
third publication, “Effect of free volume changes and residual stresses on the fatigue
and fracture behavior of Zr-Ti-Ni-Cu-Be bulk metallic glasses” [26], investigates the
effects of free volume variations and residual stresses on overall fatigue life, including
crack initiation, and the salient mechanisms responsible for the observed fatigue
behavior.
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2. BULK METALLIC GLASSES: A NEW CLASS OF ENGINEERING
MATERIALS

2.1. Historical Background and Development of Bulk Metallic Glasses

“Amorphous configurations have been retained in the solid state by cooling
from the melt with sufficient celerity so as to prevent formation of the equilibrium
crystalline structures.” [27] It was by using these terms in 1960 that Duwez et al.
reported the first Au-Si liquid-metal alloy to be vitrified by cooling from the molten
state. These alloys required cooling rates of 105-106 K/s to suppress crystallization and
form a glass, thereby restricting the specimen geometry to thin ribbons, foils and
powders, where at least one dimension was small enough, of the order of microns, to
permit such a high cooling rate. Beginning in 1984, Drehman, Greer, Turnbull et al.
[28, 29] carried out experiments on Pd-Ni-P alloy melts using boron oxide fluxing to
dissolve heterogeneous nucleants into a glassy surface coating. The fluxing showed
that when heterogeneous nucleation was suppressed, it resulted in glass formation at
cooling rates in the 10 K/s range and glassy ingots with sizes up to 1cm in diameter. In
the past 20 years, bulk metallic glass (BMG) formation without fluxing is possible by
judicious choice of alloys which have deep eutectics. Inoue and co-workers have
developed a large variety of alloy systems which may be processed in bulk amorphous
form, including those based on lanthanum [30], magnesium [31], zirconium [32],
palladium [33, 34] and iron [35]. Johnson and co-workers investigated a family of
quaternary and pentiary alloys of Zr, Ti, Cu, Ni, and Be, e.g. Zr-Ti-Cu-Ni [36] or ZrTi-Cu-Ni-Be [1]. In particular, the Zr41.25Ti13.75Ni10Cu12.5Be22.5 presents a very low
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critical cooling rate of about 1 K/s [37] allowing casting of large ingots with
thicknesses up to 10cm. Consequently, the first commercial metallic glass alloy with
composition Zr41.25Ti13.75Ni10Cu12.5Be22.5 (Vitreloy 1TM), is used today in several
commercial applications. Its excellent glass forming ability and processing over large
dimensions has permitted investigations of important mechanical properties [38].
Recently, a number of new alloy systems have been developed such as platinum [39],
copper [36], nickel [40, 41], and cerium [42] based bulk amorphous alloys.

2.2. A Thermodynamic and Kinetic Approach

2.2.1. The Glass Transition

Amorphous materials are condensed phases which do not possess long-range
order (LRO) – or periodicity – characteristic of a crystal. The terms amorphous and
non-crystalline are synonymous under this definition. The term glassy has the same
structural meaning, but in addition it also usually implies that the material exhibits a
glass transition.
When a liquid is cooled, one of two events may occur. Either crystallization
may take place at the melting point Tm, or else the liquid will become ‘supercooled’
for temperatures below Tm, becoming more viscous with decreasing temperature, and
may ultimately form a glass. These changes can be observed readily by monitoring the
volume as a function of temperature by means of a dilatometer [43], and a typical
result is shown schematically in Fig.1. The crystallization process is manifested by an
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abrupt change in volume at Tm, whereas glass formation is characterized by a gradual
break in slope. The region over which the change of slope occurs is termed the glass
transition temperature Tg. (Similar behavior would also be exhibited by other
extensive thermodynamic variables, entropy S, and enthalpy H).

Fig. 1. Schematic representation of the specific volume as a function of
temperature for a liquid which can be both crystallize and form a glass. The
thermodynamic and dynamic properties of a glass depend upon the cooling rate;
glass 2 was formed with a slower cooling rate than glass 1 [44].
Tg can be defined in many different ways, such as the point of inflection of the
rising specific heat Cp. One convenient method uses the change in the thermal
expansion coefficient, αT = ( ∂ ln V / ∂T ) . As shown in Fig.1, this change does not
occur suddenly, but rather over a range of temperatures which is called the
‘transformation range’. Tg is different for different cooling rates. A slower cooling rate
allows the sample to stay in equilibrium, i.e. the supercooled liquid state, until lower
temperatures. Typically, the dependence of Tg upon cooling is relatively weak; an
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order of magnitude change in cooling rate may change Tg by only 3-5 K. It is
important to emphasize that the glass transition is not a first-order phase transition. It
is a kinetic event that depends upon the crossing of an experimental time scale and the
time scales for molecular rearrangements [44]. Therefore, glasses are liquids which are
‘frozen’ on the time scale of experimental observation. As indicated by Fig.1, there is
not a single glassy state; the thermodynamic (and dynamic) properties of a glass
depend upon how it was formed.

2.2.2. Glass-forming Ability

A convenient way of monitoring glass-transition phenomena is by means of
differential scanning calorimetry (DSC) or differential thermal analysis (DTA), in
which the sample is heated at a constant rate and the changes in heat (DSC) or
temperature (DTA) with respect to an empty reference pan are measured. A DTA trace
of an amorphous Zr41.25Ti13.75Ni10Cu12.5Be22.5 alloy, shown in Fig.2, brings out four
important transition temperatures, namely the glass transition temperature, Tg, the
crystallization temperature, Tx, the eutectic temperature, Teut, and the liquidus
temperature, Tliq. There is considerable interest in devising criteria for forming glasses
based on these temperatures. Two of them in particular have found widespread use. In
1969, Turnbull [45] pointed the importance of the reduced glass temperature,
Trg = Tg / Tm (Tm represents the melting temperature), which is actively participating in

improving the glass-forming ability. As the reduced glass transition temperature
increases from 0.5 to 0.66, i.e. as Tg gets closer to Tm, the homogeneous nucleation of
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crystals in the undercooled liquid becomes sluggish on a laboratory time scale and the
process of crystallization is suppressed; in other words, the required cooling rate for
glass formation decreases, making it possible to synthesize thicker glasses at slower
cooling rates. Also, in the case where the viscosity of the liquid near Tm is very high, it
is in agreement with the basic criteria that liquid with high glass forming ability
should have a relatively high viscosity near the melting point. As a result, glass
formation is most probable near eutectic where the liquidus temperature has a
minimum.

Fig. 2. DSC thermogram of an amorphous Zr41.25Ti13.75Ni10Cu12.5Be22.5 alloy at a
heating rate of 0.167 K/s. Marked are the onset of the glass transition, Tg, the
eutectic temperature, Teut, and the liquidus temperature, Tliq [46].
Another parameter ∆Tx, the temperature interval between Tg and Tx, has been
emphasized by Inoue [47]. This denotes the accessible supercooled liquid region and
the larger it is, the greater is the glass-forming ability. Both high Trg and ∆Tx correlate
with cooling rate and thickness. Hence, the cooling rates drops of several orders of
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magnitude from 106 K/s to 0.1 K/s. Trg has been used to predict the glass-forming
ability of a large number of glass-forming compositions. However, among the more
complex multicomponent bulk metallic glasses have been found several ‘rogue’
glasses with glass-forming abilities that do not fit the predictions of the Turnbull
criterion [48]. For example, despite high experimentally determined values of Trg for
Zr41.25Ti13.75Ni10Cu12.5Be22.5 [49], microstructural investigations have revealed a high
density of nanocrystals after annealing at low temperatures in the vicinity of the glass
transition in Zr41.25Ti13.75Ni10Cu12.5Be22.5 [50]. This implied a high nucleation rate,
contradicting predictions based on Trg. Multiple explanations have been posited to
explain this behavior, including phase separation in the supercooled liquid [50], a
linked-flux model of nucleation [51], and catastrophic nucleation [52].
The development of a predictive model that identifies the alloy families and
the composition ranges that would form bulk metallic glasses remains a scientific
challenge. The three major contributing factors to glass formation are: (1) significant
difference in atomic size ratios, above about 12%, among the three main constituent
elements; (2) negative heats of mixing among the three main constituent elements; and
(3) multicomponent systems consisting of more than three elements. These are the
most widely accepted empirical rules for the formation of glasses, as enunciated by
Inoue [53]. While the first two criteria were appreciated from the beginning of the
study of metallic glasses, the need for multicomponents has been recognized as being
of great importance only after the advent of bulk metallic glasses and is often termed
as the confusion principle in glass formation. The introduction of a new component
into an alloy introduces local atomic level strain along with chemical disorder,
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frustrating crystallization. For two atoms of different sizes, there exists a critical
maximum solubility in the solid solution. Multicomponent glass-forming alloys
contain elements with significant differences in their atomic sizes. Due to this, the
random packing density of the alloy increases.

2.2.3. Thermodynamics of the Supercooled Liquid

The thermodynamic functions of the supercooled liquid with respect to the
crystalline mixture can be determined using differential scanning calorimetry [46].
The basic thermodynamic response function to be experimentally examined in
connection with a temperature-induced change of phases is CP, the specific heat at
constant pressure. CP measures the heat absorption from a temperature stimulus, and is
identified by:

⎛ dQ ⎞
⎛ ∂S ⎞
CP = ⎜
⎟ =T⎜
⎟
⎝ dT ⎠ P
⎝ ∂T ⎠ P
Here, dQ is the heat absorbed by a unit mass of the material to raise its temperature by
dT, and S is its entropy. Fig. 3a shows a schematic graph of a typical specific heat
curve for the crystal, liquid, supercooled liquid, and glass. CP is largest in the
supercooled liquid and drops to a lower value, close to the value found in the crystal
phase, near Tg. The temperature at which the specific heat drops rapidly depends
sensitively on the rate of cooling of the liquid. The two separate curves in the figure
indicate the result of cooling at two different rates. Upon even slower cooling, the
curve would shift even farther to lower temperatures. The thermodynamic relation

(1)
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S (T2 ) − S (T1 ) =

CP (T )
dT
T
T1

T2

∫

(2)

allows a determination of the entropy, S, from such data. The crystal entropy at the
melting point Tm can be calculated if the specific heat of the crystal is measured from T
= 0 to Tm. The entropy of the liquid at Tm is obtained by adding the entropy of fusion to
the crystal entropy. Upon recooling the liquid below Tm, one again measures CP and
uses Eq. 2 to determine the entropy of the supercooled liquid. This is shown
schematically in Fig. 3b. The slope of S versus T must be largest in the liquid and
supercooled liquid phases since that is where CP is largest. Thus, as the temperature
drops, the entropies of the supercooled liquid and the crystal must quickly approach
one another. The entropy decreases with increasing undercooling until it reaches the
entropy of the crystal at the Kauzmann temperature, TK. The existence of the
supercooled liquid below this temperature would violate the Kauzmann paradox [54],
suggesting TK to be the lower bound for the glass transition for thermodynamic
reasons. This is due to the fact that the liquid should not have a smaller entropy than
the crystal. An alloy, which could be kept as an supercooled liquid from Tm down to
TK, has to undergo the transition into the amorphous state by sudden drop of the
specific heat capacity to the value of the glass. For the Zr41.25Ti13.75Ni10Cu12.5Be22.5
system, the Kauzmann temperature is 560 K [46], which is below the kinetically
observed glass transitions temperatures.
Similarly to the entropy, variation of enthalpy, H, with temperature is
calculated with knowledge of specific heat:
T2

H (T2 ) − H (T1 ) = ∫ CP dT
T1

(3)
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Fig. 3. Schematic of the temperature dependence of (a), the specific heat, Cp, and
(b) the specific entropy, S, and enthalpy, H, of a crystal, liquid, supercooled
liquid, and glass. Glasses 1 and 2 are obtained with different cooling rates and
have different apparent glass transition temperatures, Tg. Glass 1, shown by the
dashed curve, represents the result of a faster cooling rate than that used to
produce glass 2, the solid curve [44].
The enthalpy difference, which decreases with increasing undercooling, is
plotted in Fig.3b. Both enthalpy and entropy schematically exhibit the same behavior
with respect to temperature. The enthalpy difference also remains virtually constant
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for

temperatures

below

TK.

However,

the

extrapolated

enthalpy

of

Zr41.25Ti13.75Ni10Cu12.5Be22.5 below about 620 K can hardly be achieved in experiment
[46]. The curve below 620 K belongs to an ideal supercooled liquid and glass,
respectively, that requires an extremely slow cooling rate to form. In the real
experiment, the liquid freezes to a glass throughout the glass transition, and the larger
the cooling rate, the more residual enthalpy and entropy are frozen in, as illustrated on
Fig.3b.

2.2.4. The Viscosity and Relaxation Processes of the Supercooled Liquid

As mentioned previously, despite an observed discontinuity in the specific heat
at the glass transition, it is incorrect to describe the glass transition as a
thermodynamic phase transition. Tg depends on the experimental heating or cooling
rate used during measurements, and thus kinetic parameters such as viscosity have a
significant influence on the glass-forming ability of a particular system. The viscosity
of a liquid is a macroscopic measure of its resistance to flow. Fig.4 shows the
logarithm of the viscosity as a function of temperature for three liquids which are
easily supercooled: o-terphenyl, SiO2, and Zr41.25Ti13.75Ni10Cu12.5Be22.5. Temperature is
scaled in this plot so that Tg for each liquid occurs at the right edge of the graph. The
viscosity at Tg for nonpolymeric glass formers is typically 1012 Pa.s; in this plot, this
value of the viscosity is used to define Tg. The viscosities can be fitted very well with
a Vogel-Fulcher-Tammann (VFT) equation

⎛ D* .T0 ⎞
⎟
⎝ T − T0 ⎠

η = η0 .exp ⎜

(4)
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where η0 is a constant corresponding to the viscosity in the limit as 1/T → 0, D* is the
fragility parameter and T0 is the VFT temperature, which is defined as the temperature
at which viscosity (or relaxation time) approaches infinity. The temperature
dependence of the equilibrium viscosity can be described by the fragility parameter
D*. Low values of D* are associated with low melt viscosities and large changes in
kinetic properties near Tg (fragile liquids), while high D* values correspond to high
melt viscosities and small changes in kinetic properties (strong liquids) [55]. Bulk
metallic glasses, with melt viscosities substantially higher than pure metals, fall into
the latter category. The strongest glass former, SiO2, has a fragility parameter D* ≈
100, showing Arrhenius relaxation processes. The most fragile glass formers, such as
pure metals and o-terphenyl, have a fragility parameter D* ≈ 2 and show nonArrhenius relaxation properties. Intermediate glass formers have a range of D* from
about 10 to 50, i.e. the VFT fit for Zr41.25Ti13.75Ni10Cu12.5Be22.5 yields D* = 18.5 and T0
= 412.5 K [56].
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Fig. 4. Tg-scaled Arrhenius plot of the viscosity of three glass-forming system
(SiO2, o-therphenyl, and amorphous Zr41.25Ti13.75Ni10Cu12.5Be22.5) as a function of
reduced reciprocal temperature, Tg/T, where Tg is defined as the temperature
when the viscosity reaches 1012 Pa.s [55, 56]. The viscosity of pure metal is given
here as an estimate.
Assuming Maxwell relaxation, the structural (α-) relaxation time, τ , of an
alloy is proportional to its viscosity. Therefore, τ can also be described by a VFTtype relation,

⎛ D* .T0 ⎞
τ = τ 0 .exp ⎜
⎟,
⎝ T − T0 ⎠
where τ 0 is the value of the relaxation time in the limit as 1/T → 0. Usually,
supercooled liquids show more than one relaxation process at temperatures near Tg.
Fig.5 illustrates the behavior of o-terphenyl [57, 58]. For nonpolymeric liquids, the
slowest relaxation process is called the alpha (α) process and roughly corresponds to
molecular motion. Secondary relaxation processes occur on shorter time scales and are
most often observed in polymeric systems. Unfortunately, the designation of these

(5)
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secondary processes in the literature is not uniform. In Fig.5, two secondary processes
are marked as the slow and fast beta (β) processes [59], βs and βf, respectively. The βs
process is believed to be due to partial reorientation of o-terphenyl molecules [60]. For
decades this process was simply the β relaxation; ‘slow’ has recently been added to
distinguish it from much faster processes. One of these, labeled as the βf process in
Fig.5 is thought to be a complex collective anharmonic cage rattling process [61].

Fig. 5. Compilation of various relaxation times measured for o-terphenyl. αrelaxation: dielectric relaxation, dynamic Kerr effect, light scattering, and NMR.
βs-relaxation: dielectric relaxation, time-resolved optical spectroscopy. βfrelaxation: neutron scattering.
It should be remarked here that the slow processes of relaxation involving
shear (α-relaxation) very often exhibit a markedly non-exponential time dependence
in which the response function φ ( t ) obeys a so-called ‘stretched-exponential’ or
Kohlrausch-Williams-Watts law [62, 63] :
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⎡ ⎛ t ⎞β ⎤
φ ( t ) = exp ⎢ − ⎜ ⎟ ⎥ , 0 < β < 1
⎢⎣ ⎝ τ 0 ⎠ ⎥⎦

(6)

where t is the time, τ 0 is the average relaxation time, and β is the stretch exponent. In
addition, the ‘stretched-exponential’ function follows a time-temperature scaling
principle.

Attempts to correlate kinetic properties with the thermodynamic behavior have
been controversial [64, 65]. However, a theory which attempts to link relaxation
aspects with entropy considerations has been proposed by Adam and Gibbs [66]. They
accounted for mass transport (diffusion, viscosity, etc.) by considering cooperative
atomic rearrangements and showed that the group size and therefore the probability of
rearrangement and hence, the viscosity could be expressed as a function of the total
configurational entropy S c :

⎛ B ⎞
⎟
⎝ T .Sc ⎠

η = η0 .exp ⎜

(7)

where η0 and B are constants. The configurational entropy is given by the equation:
T

Sc = ∫ ∆CP .d ln T
T0

For the case when ∆CP is very small, i.e. for SiO2, S c is almost independent of
temperature, and the viscosity should obey an Arrhenius equation. On the other hand,
when ∆CP is large, S c contributes a temperature-dependent term to the equation for
viscosity (1.7) at all temperatures above T0, leading to strongly non-Arrhenius

(8)
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behavior of the viscosity, as observed in many organic and ionic ‘fragile’ glassforming liquids.

2.2.5. Free Volume

A popular theory describing liquids and certain aspects of the glass transition is
that concerned with free volume, which has many similarities with aspects of the
relaxation theories discussed in the previous section. The model was originally
developed for fluids assumed to be composed of hard spheres [67-69]. The spheres
oscillate thermally in their own cage. The total volume of a liquid is supposed to be
divided into the part occupied by the spheres or molecules, and that part in which the
spheres are free to move. The latter volume, permitting diffusive motion, is termed
free volume ν f . It is further assumed that molecular transport can occur only when
the voids have a volume greater than a critical volume. As the temperature of the
liquid is lowered, both the occupied volume and the free volume are expected to
contract. The essential difference between a glass and a liquid is that redistribution of
free volume no longer occurs, i.e. the free volume is frozen in the locations occupied
when the glass was formed.
Free-volume theory has been applied to the problem of viscosity, and an empirical
relation between viscosity (or relaxation time) and free volume is expressed by the
Doolittle equation [70],
⎛ bν m
⎜ν
⎝ f

η = η0 .exp ⎜

⎞
⎟⎟
⎠

(9)
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in which ν f is the average free volume per atom, and bν m is the critical volume for
flow [71].
Since the structural relaxation time describes the relaxation by diffusion of
structural modes represented by the variation of free volume, it should have the same
temperature dependence as the viscosity. The structural relaxation time can therefore
be expressed as
⎛ bν m ⎞
⎜ ν ⎟⎟
⎝ f ⎠

τ = τ 0 .exp ⎜

(10)

Previous studies [25, 72-74] suggested that a reduction of free volume occurs
during structural relaxation by isothermal relaxation kinetics below the glass transition
temperature. This aspect, along with the role of free volume on deformation of
metallic glasses, will be discussed in the next chapter.

2.3. Concept of Free Volume

2.3.1. Free Volume and Deformation

The development of bulk metallic forming metallic glasses with minimum
dimensions of several millimeters has resulted in renewed interest in the mechanical
behavior of this unique class of materials [2-5, 7-12, 19-21, 24, 75-83]. Plastic flow in
metallic glasses is believed to occur via a diffusional process involving the
rearrangement of a small number of atoms and their surrounding free volume [13-15].
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A deformation mechanism map (steady-state strain rate as a function of stress and
temperature) for a typical metallic glass is shown in Fig. 6. At high stress and low
temperature, plastic deformation is inhomogeneous: the strain is concentrated in a few
thin shear bands. At lower stress and high temperature, the deformation is
homogeneous: each volume undergoes the same strain.

Fig. 6. Schematic deformation map of a metallic glass. The two basic modes of
deformation, homogeneous and inhomogeneous flow, are indicated [13].
Except at the highest stresses, homogeneous flow is Newtonian: the
instantaneous strain rate is proportional to the stress, and their ratio can be defined as
the fluidity or, inversely, the viscosity, η. The homogeneous flow regime includes
liquid flow, which occurs above or near the glass transition temperature, Tg. Since the
liquid is in internal equilibrium, the temperature-dependence of its viscosity is welldefined by the VFT equation (Eq. 4). After inhomogeneous deformation, metallic
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glass failure surfaces exhibit characteristic vein and void patterns indicative of
significant softening on the failure plane. Thus, flow models that lead to strong
softening in shear bands have been proposed. Argon introduced the concept of shear
band transformation zones [15]. These zones begin as small regions where the local
atomic structure is capable of rearrangement under an applied shear stress. The ability
of a region to undergo a shear transformation depends on the local atomic density; that
is, the amount of free volume. The free volume is assumed to be distributed
statistically among all the atoms in the material. This implies that there is a similar
statistical distribution of ‘flow defects’ with sufficient free volume to enable shear
transformation at a given stress.
The microscopic mechanism which governs both homogeneous and
inhomogeneous flow has been described by Spaepen [13] and is illustrated in Fig. 7. It
is assumed that macroscopic flow occurs as a result of a number of individual atomic
jumps. In order for a jump to occur, it must have a nearest neighbor environment, as
shown in Fig. 7, i.e. next to it there must be a hole large enough to accommodate its
appropriate hard-sphere equivalent atomic volumeν * . In order to make the jump, some
activation energy of motion ∆Gm must be supplied. If no external force is present, this
is obtained from thermal fluctuations; the number of jumps across the activation
barrier is the same in both directions; this is the basic microscopic mechanism for
diffusion. When an external force, e.g. a shear stress, is applied, the atomic jumps
occurs in the direction of the force; the number of forward jumps across the activation
barrier is larger than the number of backwards jumps; this results in a net forward flux
of atoms and forms the basic mechanism for flow.
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Fig. 7. Illustration of an individual atomic jump, the basic step for macroscopic
diffusion and flow [13].
If the applied shear stress is large enough, Spaepen further proposed that free
volume could be created as an atom with volume ν * squeezes into a neighboring free
volume site with slightly smaller volumeν , increasing the free volume byν * −ν , as
demonstrated in Fig. 8. Competing with this creation process is a relaxation process in
which subtle rearrangements annihilate free volume. At low stresses, the annihilation
rate exactly balances the creation rate and the free volume remains constant. However,
at high stresses, the creation rate exceeds the annihilation rate, resulting in catastrophic
softening as the free volume increases dramatically. As the stress drops, the driving
force for free volume creation declines until a new, larger steady state free volume is
established. Steif et al. [14] went on to show that if one assumes that a band of
material is perturbed to a slightly higher initial free volume than its surroundings, the
catastrophic softening event is associated with strain localization in the band. Thus,
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after the localization event, the free volume within the shear band should be
measurably greater than in the undeformed material, increasing the average free
volume overall.

Fig. 8. Illustration of the creation of free volume by squeezing an atom of volume
ν* into a neighboring hole of smaller volume ν [13].

2.3.2. Free Volume and the Glass Transition

Fig. 9 schematically shows the change in the average free volume per
atom,ν f , as a function of temperature during quenching from the liquid state followed
by heating at a constant rate, such as during a DSC experiment. As the glass cools and
atomic mobility decreases, an excess amount of free volume,ν fi , corresponding to the
equilibrium free volume at the fictive temperature, Tf, is frozen into the system. When
the system is heated at a constant rate, the structure relaxes towards equilibrium, and

ν f decreases with temperature. This is observed as an exothermic dip in the DSC
trace. At the same time, the metastable equilibrium free volume of the supercooled
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liquid,ν feq , increases approximately linearly with temperature. Thus, once

ν f reachesν feq , the average free volume should begin to increase with temperature.
However, in a constant heating rate experiment the kinetics of free volume production
are too sluggish to keep up with the constantly increasing temperature, and hence

υ f undershoots the equilibrium behavior. As the temperature continues to increase,
atomic mobility increases sufficiently to bring the system back to equilibrium. This
rapid production of free volume is observed as an endothermic peak on the DSC trace,
and is identified as the glass transition. Van den Buekel and Sietsma [84] noted that
the glass transition is thus a purely kinetic phenomenon, observable only due to the
finite heating rate of the DSC experiment. They further noted that the change in free
volume is proportional to the energy released during relaxation or required during
production. Noting that the specific heat, CP, is the change in specific heat, H, with
respect to temperature, we find that the specific heat determined during a constant
heating rate DSC experiment is related to the free volume,
CP =
where A is a scaling factor.

dν
dH
=A f ,
dT
dT

(11)

24

Fig. 9. The upper plot is a schematic illustration of the variation in average free
volume, νf, with temperature, T, during cooling from the liquid and reheating at
a constant rate. The lower plot illustrates the corresponding behavior of dνf /dT
with temperature [77].
Using this method, it has been shown that annealing processes, which relax the
quenched in free volume, result in an increase in the height of the CP peak [85-87].
This is understood by considering the severity of the undershoot when ν f first
intersects ν feq during heating. If the initial free volume is lowered by structural
relaxation, ν f will intersect ν feq at a lower temperature where the kinetics of free
volume creation are slow. This results in a larger undershoot, and consequently a
larger driving force and more rapid free volume creation when the kinetics finally
accelerate. In contrast, homogeneous deformation of a fully relaxed glass is expected
to increase the initial free volume and results in a decrease in the CP peak [88]. The
present work will attempt to qualitatively apply this model to free volume changes
associated with structural relaxation.
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2.3.3. Examination of free volume using positron annihilation spectroscopy

Positron annihilation spectroscopy (PAS) is a powerful technique for
examination of microstructure, including point defects and other open volume regions,
in a variety of materials [89]. Using a combination of PAS measurements, it is
possible to gain insight into the size and concentration of open volume regions as well
as the local chemical environment. Recently, several researchers have used PAS to
obtain a more detailed picture of the distribution of open volume in metallic glasses
[73, 90-93]. Positrons injected into crystalline or glassy specimens seek out regions of
open volume, where they become trapped until they annihilate with electrons from
surrounding atoms. Analysis of the resulting radiation provides information about the
open volume site. PAS studies of Zr-based glasses have revealed decreases in the
amount of free volume after annealing below the glass transition temperature,
consistent with the relaxation of free volume towards an equilibrium value [73, 90].
Conversely, moderate room temperature deformation resulted in an increase in the free
volume [91]. The technique has also been used to study the effect of the cooling rate
on the fractions of the frozen in free volume. PAS measurements reflected higher free
volume for higher cooling rates [93]. However, while PAS provides information about
the distribution of free volume, it is currently not possible to make quantitative
statements about the amount of free volume in noncrystalline systems using this
technique.
Positron annihilation lifetime spectroscopy (PALS) measures the time between
positron implantation and annihilation in the solid. The positron thermalizes rapidly
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and then diffuses through the specimen. Positrons are repelled by the positively
charged nuclei and preferentially occupy open volume regions. The positron
annihilation rate is determined by the electron density seen by the positron, which in
turn is a function of the size of the trapping site. Specimens with large open volume
regions will exhibit longer positron lifetimes.
The two γ-rays resulting from the positron-electron annihilation have a
characteristic of 511 keV. However, the momentum transfer from the electronpositron pair to the γ-ray in the direction of propagation will result in a Doppler
broadened energy spectrum that describes the electron momentum distribution in the
material. The difference between the actual γ-ray energy and the characteristic energy
∆E is related to the positron-electron momentum in the direction of γ-ray emission p
as follows:
∆E =

pc
,
2

(12)

where c is the speed of light. The shape of the spectrum is determined by the
momentum distribution of electrons with which the positron interacts, i.e. valence or
core, and the type of atom donating the electron. If the annihilation occurs in a large
open volume site such as a defect in a crystalline material, the fraction of low
momentum conduction and valence electrons participating in the process increases
relative to the fraction of high momentum core electrons, and the energy shift is
smaller. Thus, a defect-rich material will have a narrower electron momentum
distribution than would a defect free material. It is common to compare the normalized
area under the central, low-momentum portion of the distribution, called the S
parameter, with the normalized area in a fixed interval under the high momentum tail
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of the curve, called the W parameter. An increase in S and reduction in W corresponds
to either more or larger open volume.

2.4. Mechanisms for Fracture and Fatigue-Crack Propagation in Bulk
Metallic Glasses

2.4.1. Typical Mechanical Properties and Applications of Bulk Metallic
Glasses

Bulk metallic glasses have emerged over the past fifteen years as materials
with unique and attractive properties due to their near theoretical strengths combined
with reasonably high fracture toughness, excellent corrosion resistance, high
formability and low damping. Typical mechanical properties and thermal properties of
Zr41.25Ti13.75Ni10Cu12.5Be22.5 are listed in Table 1 [1, 9, 38, 94].

Table 1:Selected Properties of Zr41.25Ti13.75Ni10Cu12.5Be22.5 Bulk Metallic Glass
Density
(g/cm3)

Young’s
Shear
Poisson’s
Modulus
Modulus
Ratio
(GPa)
(GPa)
5.9
95
35
0.35
*
Measured at a scan rate of 0.33 K/s.

Bruck

et

al.

[38]

Yield
Strength
(GPa)
1.9

characterized

the

Vickers
Hardness
(GPa)
5.4

Tg
(K)

KIC
(MPa√m)

ε
(%)

~625*

~16-55

2

mechanical

properties

of

Zr41.25Ti13.75Ni10Cu12.5Be22.5 bulk metallic glass by tension and compression at room
temperature. Results showed excellent tensile properties with a yield strength up to 1.9
GPa and an elastic strain of about 2%. The yield strength and the failure strength are
identical since the alloy deforms mainly elastically showing no plasticity.
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At low temperatures and high strain rates, flow is highly localized in shear
bands. Strain localization in a single shear band can result in catastrophic failure,
particularly under tensile loading [76]. Examination of the fracture region reveals
ductile fracture features resulting from a substantial increase in temperature, which is
attributable to the conversion of the stored elastic strain energy to heat. Pampillo [95]
observed that ridges forming a “vein pattern” appear on the fracture surface, indicating
the occurrence of local melting during fracture.
Fractography analysis based on the deformation and fracture features indicates
that the normal stress, σn, and shear stress, τ, on the fracture surface play a different
role in the shearing-off of the specimens in tension and compression. The shear stress
is the main controlling factor for the fracture in compression, and the fracture surface
is along the maximum shear stress plane (θ = 45 deg) as illustrated on Fig. 10a. In
tension, however, both the shear and normal stresses govern the fracture process
together, and the fracture surface is along the plane with an angle of 56 deg away from
the axial direction as shown on Fig. 10b [96].
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Fig. 10. Effect of resolved shear and normal stresses on shear-band formation
and cracking.
The ability of BMGs to store a high amount of elastic energy has made it a
potential spring material. This combination of properties has led to its first use in
sporting goods such as heads of golf clubs, tennis rackets, baseball bats, skis and
snowboards. Considerable amount of ductility can be imparted into the material by the
addition of second phase particles. Bulk metallic glass matrix composites with
tungsten reinforcements are currently being developed for use as a kinetic energy
penetrator (KEP) rod for defense applications. The high strength and lightweight
attributes of BMGs make it a suitable candidate for structural materials for use in
aircraft frames, automobiles and medical implants. Bulk Metallic Glasses are also
used for industrial coating applications. High hardness with low friction and excellent
corrosion resistance are ideal for high wear environments.
However, structural applications are currently limited in part due to the limited
understanding of the micromechanisms of flow and mechanical failure. Flow
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mechanisms are associated with ‘free volume” sites as discussed more in Chapter
2.3.1.
2.4.2. Fracture and Fatigue in Zr-based bulk metallic glasses

One property which has been considered a limitation for these materials has
been poor fatigue resistance relative to traditional crystalline metallic materials [7, 9];
however, not all studies to date have been in agreement on this point [16-18]; e.g. the
fatigue threshold, ∆Kth, of Zr41.25Ti13.75Ni10Cu12.5Be22.5 was reported to be between 1
and 3 MPa√m [9], and its fatigue endurance limit was investigated between 100 MPa
[7] and 700 MPa [18]. Consequently, a poorly explained large scattering exists in the
fatigue data published for bulk metallic glasses. It should be noted, however, that an
important factor in determining the mechanical properties of bulk metallic glasses is
the free volume of the material [13-15, 19-23], a point which has only recently been
considered when comparing the fatigue behavior of as-cast amorphous alloys in the
absence of hydrogen embrittlement [24].
Investigations of the effects of pre-charged hydrogen on the fatigue and
fracture behavior of Zr41.25Ti13.75Ni10Cu12.5Be22.5 [19-21] showed that hydrogen
charging increases hardness and degrades fracture toughness. These results suggest
that hydrogen has a retarding effect on the atomistic relaxation processes that
contribute to plastic flow, consistent with the increased glass transition temperature
and crystallization temperatures reported for the charged samples. The corresponding
effect of pre-charged hydrogen on fatigue crack-growth behavior is shown in Fig. 11.
In marked contrast with fracture toughness, fatigue crack-growth rates are found to be
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retarded by hydrogen charging. In fact, the most heavily charged (44 hr) specimen
exhibits the lowest fatigue-crack growth rates over the entire range of applied stress
intensity range ∆K. The conflicting results of decreased fracture toughness and
improved resistance to fatigue crack-growth are interpreted in terms of a mutual
competition between the degradation of the inherent resistance to crack extension and
increased crack tip shielding mechanisms [21]. In addition, X-ray diffraction and TEM
results did not reveal any metal hydrides after hydrogen charging, therefore suggesting
that metal hydride formation is not involved in the hydrogen embrittlement of
Zr41.25Ti13.75Ni10Cu12.5Be22.5 although the possibility of hydride formation assisted by
the high hydrostatic stress fields at the crack tip was not explored. However, since free
volume is needed to allow metallic glasses to deform, a reduction in free volume
should hinder plastic deformation [13-15]. This reduced ductility results in lower
fracture toughness [19-22, 24] and possibly in longer fatigue lives [24].

Fig. 11. Reduced fatigue crack-growth rates and significantly increased fatigue
thresholds observed after hydrogen charging in amorphous
Zr41.25Ti13.75Ni10Cu12.5Be22.5 [21].
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Abstract
The

cyclic

fatigue

behavior

of

Zr41.25Ti13.75Ni10Cu12.5Be22.5 alloys was examined.

two

as-cast

amorphous

Although both had identical

compositions, the fatigue endurance strength (107 cycles) was higher for the alloy with
less free volume, as determined by differential scanning calorimetry experiments.
Such differences are believed to result from the processing cooling rates.

1. Introduction
Bulk metallic glasses have emerged over the past fifteen years as materials
with unique and attractive properties due to their near theoretical strengths combined
with reasonably high fracture toughness, excellent corrosion resistance, high
formability and low damping. A number of alloy systems have been developed which
may be processed in bulk amorphous form (>1mm section thickness), including those
based on Lanthanum [30], Magnesium [31], Zirconium [1, 32], Palladium [33, 34],
Iron [35], Platinum [39], Copper [36] and Nickel [40, 41]. The first commercial
metallic glass alloy with composition Zr41.25Ti13.75Ni10Cu12.5Be22.5, known as Vitreloy
1™, is used today in several commercial applications and has received considerable
attention with regard to its fracture and fatigue properties [2-4, 7-10, 12].

An

understanding of the mechanical properties of such alloys is paramount if these
materials are to realize their potential as structural materials, with fatigue properties
being of critical importance for applications involving cyclic loading. Thus, the effort
to understand the micromechanisms that control the fatigue properties of metallic
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glasses presents an ongoing area of research.
Although metallic glasses do not have a traditional microstructure like their
crystalline counterparts, structural differences may exist which can affect the
mechanical properties. The deformation of metallic glasses requires the existence of
free volume, i.e., extra volume relative to a fully dense glass, that is frozen into the
atomic structure and allows physical space for atomic movement under mechanical
loading [13, 14]. Accordingly, it is expected that changes in the free volume should
affect the mechanical properties as well. For example, when Vitreloy 1™ is charged
with hydrogen to fill up some of the free volume, significant increases in the hardness,
fatigue threshold, and Paris fatigue exponent are observed along with decreases in the
fracture toughness [20, 21]. Similar embrittlement is also observed when Vitreloy 1™
is annealed without crystallization [97]. Here embrittlement occurs since the free
volume is decreased by structural relaxation, a well known phenomenon also observed
in traditional thin ribbon amorphous metals [23].
Structural differences may exist in as-processed glasses as well. Amorphous
solidification of an alloy from the liquid state involves the kinetic suppression of
nucleation and growth of crystallites. The kinetic glass transition involves sudden
changes of the specific heat capacity [46] and the expansion coefficient [98], while
free volume, enthalpy, and configurational entropy are frozen in. Noting that the ZrTi-Ni-Cu-Be glass-forming system has a very low critical cooling rate of about 1 K/s
[1, 37], differences in the cooling rate above this critical value may result in variations
in the physical and thermodynamic properties, in particular the enthalpy and free
volume of the system. Such variations should lead to differences in the mechanical
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properties as well, as outlined above. Accordingly, this study investigates the fatigue
life behavior of a Zr41.25Ti13.75Ni10Cu12.5Be22.5 amorphous alloy processed by two
different manufacturers which have different free volumes in the as-processed
conditions.
2. Experimental Procedures
a. Sample preparation
Experiments were performed on two fully amorphous as-cast plates with the same
nominal composition, Zr41.25Ti13.75Ni10Cu12.5Be22.5, commercially known as Vitreloy
1™. One plate (2.6 mm thick, 56 x 85 mm) was produced and supplied in the year
2004 by Liquidmetal© Technologies (Lake Forest, CA, USA) while the second plate
(4.8 mm thick, 64 x 40 mm) was produced in 1994 by Howmet Corporation
(Whitehall, MI, USA). The latter was stored at ambient temperature and pressure until
testing was conducted for this study.

Both alloys were determined to be fully

amorphous based on X-ray diffraction results. In addition, representative specimens
of both sets of samples were etched (45ml H2O, 45ml HNO3, and 10ml HF) and
examined using optical microscopy with differential image contrast to observe if any
crystallites were present; however, no crystallites were found. Beam specimens, with
nominal dimensions 2 x 2 x 60 mm, were cut from the as-received plates with a
Buehler Isomet 1000 precision saw. Each beam was then visually inspected to ensure
no defects or notches were present on the surface, which would create favorable sites
for crack nucleation. Specimens were tested with the surfaces in the “as machined”
condition; no subsequent grinding or polishing was performed. Profilometry scans,
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using a Veeco Dektak® 8 Advanced Development Profiler, were conducted on the
outer surface of the beams in the direction of the bending stress to determine the
surface roughness of the samples, as expressed by the arithmetic average roughness,
Ra. Results were similar for both sets of samples with a mean value of Ra = 1.62µm ±
0.64µm.
b. Fatigue testing
Fatigue tests were conducted in three-point bending using a BOSE
ELectroForce ELF 3200 computer-controlled testing machine.

Specimens were

cycled (20 Hz, sinusoidal waveform) in load control until complete failure at room
temperature using a constant load ratio, R = σmin/σmax, of 0.1 where σmax and σmin are
the maximum and minimum stresses experienced during the loading cycle. The threepoint bending fixture had a center to end span of 24.2 mm.
c. Differential scanning calorimetry
Calorimetric measurements were performed on a Perkin Elmer Diamond
Differential Scanning Calorimeter (DSC) with heating rates of 0.25, 1, 2, and 3 K/s at
ambient pressure. Analyses were carried out on small 50 to 90 mg pieces of the asprocessed material.

3. Results and Discussion
The normalized stress amplitude, σa/σuts, is plotted as a function of cycles to
failure, Nf, for both Zr41.25Ti13.75Ni10Cu12.5Be22.5 alloys in Fig.12, where the stress
amplitude, σa, is 1/2(σmax-σmin). Data is normalized by the ultimate tensile strength
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reported in the literature, σuts ≈ 1900 MPa, at which point catastrophic failure occurs
[38]. Fig. 12 shows that the fatigue life behaviors of the two alloys are quite different.
At a given value of σa/σuts, fatigue lifetimes are significantly shorter for the
Liquidmetal produced alloy. The Howmet and Liquidmetal alloys were found to
display 107 cycle fatigue strengths at values of σa/σuts respectively at 0.20 and 0.09.1
Those values correspond to a stress range, ∆σ = σmax-σmin, of 768 MPa and 359 MPa,
respectively. Additionally, examinations of the fracture surfaces for each specimen
were carried out using field-emission scanning electron microscopy (FESEM).
Observations of fatigue fracture surfaces indicated that cracking originated from the
beam corners and below the center loading pin where the stress was highest.
Furthermore, no significant differences in the morphology of the crack initiation sites
were observed between the alloys. Such results suggest that differences in crack
forming inhomogeneities were not responsible for the differences in fatigue lifetime,
i.e., cracks consistently formed at the highest stress concentration.

1

Although these values are higher than reported in ref. [7]
C. J. Gilbert, J. M. Lippmann and R. O.
Ritchie, Scripta Mater. 38 (1998) 537. for Vitreloy 1™, it is important to note that the different loading
configuration and surface treatments effect the fatigue life, making direct comparisons of little utility.
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Fig. 12. Stress/life data for Vitreloy 1™ alloys presented in terms of the
normalized stress amplitude, σa/σuts, plotted as a function of cycles to
failure, Nf.
Although the Howmet alloy specimens had longer fatigue lives, calculations of
the stress-intensity factors at final fracture suggest that its toughness was lower.
Based on the corner-crack configuration observed on the fracture surfaces, the stressintensity factor solutions for a quarter-elliptical corner crack in a finite plate subjected
to bending loads were applied to estimate the fracture toughness [99]. Although all
samples failed by corner cracks, only a few had well defined quarter-elliptical shapes
suitable for stress intensity analysis. For the Liquidmetal alloy, four different samples
had such crack geometries with a mean Kc = 24.8 ± 8.0 MPa√m. Similarly, the mean
fracture toughness of the Howmet alloy was calculated at 18.8 MPa√m based on two
samples with well defined crack geometries, here the standard deviation is not relevant
due to limited data. Since lower fracture toughness should shorten the fatigue life, this
implies that the fatigue crack initiation and/or growth portions of the fatigue lifetimes
must have been sufficiently longer to offset this effect. Thus, despite the fact that both
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alloys possess the same atomic composition, the different fracture and fatigue
behavior suggest that structural differences exist within the materials.
Hydrogen embrittlement presents one possible source for the differences in
properties, particularly for the Howmet material which was produced roughly 10 years
prior to testing and may have absorbed hydrogen over that time. However, the glass
transition temperature, Tg, and the crystallization temperature, Tx, were determined
using the DSC to be essentially identical for both alloys at each heating rate (i.e.,
within ±1 K). Suh and Dauskardt [20, 21] reported that the glass transition, Tg, and
the onset crystallization temperature, Tx, both increase with hydrogen charging,
implying that variations in the hydrogen levels between the alloys is not responsible
for the observed differences in fatigue life behavior.
As for possible compositional differences, the glass transition temperature, Tg,
as well as the undercooled liquid region, ∆T, given by Waniuk et al. [100] for Vitreloy
1™ are identical to the experimentally determined Tg and ∆T for the Liquidmetal and
Howmet alloys. Such values are sensitive to small changes in composition [100],
ruling out variations in the nominal versus actual compositions for these two materials.
Finally, analysis of the crystallization peaks of the DSC scans suggest there are no
differences in crystallinity between the alloys that may be present below the
detectability limit of the X-ray diffraction analysis.
Figure 13 shows heat flow data for specimens that are heated through the glass
transition at ambient pressure and a constant heating rate of 1 K/s. Based on Fig. 13,
the Howmet alloy shows a pronounced endothermic heat recovery in the glass
transition region when compared to the Liquidmetal alloy. This behavior was typical
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for each heating rate used and can be attributed to an enthalpy difference between the
Liquidmetal and Howmet samples. Quantification of the enthalpy difference between
the two materials was achieved by taking the area between the two heat flow curves.
Based on experiments at four different heating rates, the average and standard
deviation of the enthalpy differences were found to be 250 ± 24 J/g⋅atom. Enthalpy
recovery

in

this

alloy

[97]

and

a

similar

Zr-based

amorphous

alloy

(Zr46.75Ti8.25Cu7.5Ni10Be27.5) [74] has been observed previously in experiments where
annealing was performed to allow for structural relaxation, which essentially reduces
the free volume. Based on the deduced enthalpy differences it is determined that the
Howmet alloy is in a more relaxed state than the Liquidmetal produced material.

Fig. 13. Typical heat flow curves for Zr41.25Ti13.75Ni10Cu12.5Be22.5 samples
measured at ambient pressure and constant heating rate. These data are
for 1 K/s, while similar results were observed for each other heating rate.
This difference may not be attributed to the different ages of the alloys;
however, since the relaxation time for amorphous Zr41.25Ti13.75Ni10Cu12.5Be22.5 at
ambient temperatures is many orders of magnitude longer than the 10 years
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experienced by the Howmet alloy [56]. The observed enthalpy difference is thus
suspected to be due to variations in cooling rates during processing. It is likely that
the Howmet alloy was quenched at a lower rate than the Liquidmetal alloy, which in
turn brought it into a different enthalpy state. This situation is analogous to the
annealing experiments in refs. [23, 74, 97] which yielded different enthalpy states,
since slower cooling gives longer time exposure at elevated temperatures.
Under the assumption that the enthalpy change is proportional to the volume
change, the average free volume per atom, νf /νm, was determined. Masuhr et al. [101]
calculated the free volume per atom, νf, for Vitreloy 1™ according to the Cohen and
Grest model [71],

vf =

k ⎛
⎜ T − T0 +
2ς 0 ⎜⎝

⎞

(T − T0 )2 + 4vaς, 0 T ⎟⎟
k

,

(13)

⎠

with the following fit parameters [101]: bνmς0/k = 4933 K with b = 0.105, 4νaς0/k =
162 K, and T0 = 672 K.2 The atomic volume νm of Vitreloy 1™ has been reported as
1.67 x 10-29 m3 near the liquidus [98]. The Cohen and Grest model provides the
values for the free volume of the supercooled liquid even below the calorimetric glass
transition which can be obtained by long time relaxation experiments. To estimate the
proportionality between the volume change and the enthalpy change, published data of
enthalpy difference, ∆H, with respect to the crystalline mixture for the supercooled
liquid and the frozen-in amorphous state was used for an alloy with slightly different
composition (Zr46.25Ti8.25Ni10Cu7.5Be27.5) [74] since data for Vitreloy 1™ was
2

The T0 used in the Cohen and Grest model is different from the T0 used in the Vogel-Fulcher-Tamman
(VFT) relation which has a value of 412.5 K for Vit 1[102]
R. Busch, A. Masuhr, E. Bakke and W.
L. Johnson, in "Mechanically Alloyed, Metastable and Nanocrystalline Materials, Part 2" (1998) p.
547..
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unavailable. Consequently, the proportionality relation between the average free
volume per atom, νf /νm, and the enthalpy change, ∆H, was determined to be:

ν f /ν m = 0.080∆H ,

(14)

where ∆H is given in KJ/g.atom. Therefore, knowing the average difference in the
enthalpy change, ∆H, between the Howmet and Liquidmetal alloys, Eq. 14 was used
to estimate the free volume difference, ∆νf /νm,. This free volume difference was
found to be ~0.02%.
Existing models for the deformation of metallic glasses predict that a reduction
in free volume will retard plastic deformation [13, 14]. This reduced ductility results
in longer fatigue lives (Fig 12) and lower fracture toughness (here and in [20, 21, 97]).
The present results, where a reduction in free volume was achieved by structural
relaxation, are consistent with fatigue crack growth data for glasses with reduced free
volume from hydrogen charging, which demonstrated slower crack growth rates and
higher fatigue thresholds for hydrogen charged glasses [21]. While it is currently
unclear what effect, if any, the free volume has on crack initiation, it is clear that the
combined effects on crack initiation along with the lower fatigue crack growth rates
more than offsets and reduction in fatigue life that would occur due to the lower
toughness.
Finally, it is becoming apparent that simply knowing the composition of a
metallic glass, even in its as-processed state, is not enough to determine the
mechanical properties. Akin to knowing the microstructure in traditional alloys, a
knowledge of the structural state (i.e., free volume) of metallic glasses is necessary to
understand their mechanical properties, even in the absence of subsequent annealing
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or hydrogen embrittlement.

This may account for some of the drastic reported

variations in the fatigue life behavior between similar bulk metallic glasses, e.g., see
Refs. [7, 17], while also affecting the fatigue properties for in-situ bulk metallic glass
composites achieved by partial crystallization during processing [6].
4. Conclusions

Based on an experimental study of the cyclic fatigue behavior of two as-cast plates
of fully amorphous Zr41.25Ti13.75Ni10Cu12.5Be22.5, the following conclusions can be
made:
1.Although both alloys were tested in the as-cast condition, significant differences
were observed in the fatigue lives, which were attributed to differences in their
free volumes.
2.The enthalpy difference between the two alloys was measured to 250 ± 24
J/g.atom, with the corresponding free volume difference, ∆νf /νm, estimated to be
0.02%. This difference resulted in a factor of two difference in the 107 cycle
fatigue strength, σa/σuts, which was 0.09 for the unrelaxed and 0.20 for the
relaxed alloy.
3.Even in the absence of subsequent annealing or hydrogen embrittlement,
structural (i.e., free volume) differences may exist between metallic glasses of
identical composition depending on the specific processing conditions. This can
have a marked effect on the mechanical properties, specifically the fatigue life
and fracture toughness.
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Abstract

Deformation of metallic glasses requires the existence of free volume to allow
atomic movement under mechanical loading. Accordingly, quantification of the free
volume state of the alloy is crucial to understand its mechanical behavior. By
annealing below the glass transition temperature, the free volume of a
Zr44Ti11Ni10Cu10Be25 bulk metallic glass was varied via structural relaxation.
Differential scanning calorimetry was used to quantify enthalpy differences between
the relaxed and as-cast materials which were then quantitatively related to free volume
differences. These results can be used to characterize the free volume in this alloy for
future mechanical property studies.

Although metallic glasses do not have a microstructure, structural differences
can exist which affect the mechanical properties. This is because the deformation of
metallic glasses requires extra “free” volume relative to a fully dense glass that is
frozen into the atomic structure and allows physical space for atomic movement under
mechanical loading [13, 14]. Accordingly, the amount of free volume affects the
mechanical properties of bulk metallic glasses [19-21, 23, 97, 103]. Free volume
differences may exist in nominally identical metallic glasses in the as-processed state
due to differences in their processing conditions [24], and it may be altered by
annealing below the glass transition temperature, Tg. Such annealing has long been
known to decrease the ductility of conventional metallic glasses [104], however,
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understanding the role of free volume is sometimes complicated by the formation of a
brittle crystalline phases or phase separation [23, 105].
Despite its importance, the role of free volume has often been ignored in the
mechanical behavior literature (e.g., as in refs. [7, 9, 10, 12, 16-18]) For example, free
volume has only recently been considered as a factor affecting the fatigue properties in
the absence of hydrogen embrittlement [24]. Free volume differences in metallic
glasses may be quantitatively characterized using various methods based on
differential scanning calorimetry (DSC) [24, 84-87, 106]. Accordingly, the present
work quantitatively examines the free volume changes associated with structural
relaxation for a Zr44Ti11Ni10Cu10Be25 (Vitreloy 1b) alloy. These results will allow
precise characterization of free volume differences caused by different processing
conditions or subsequent annealing heat treatments. Such results will be vital to future
studies on the mechanical behavior of this alloy.
Fully amorphous bulk metallic glass with a composition Zr44Ti11Ni10Cu10Be25
was produced and supplied by Liquidmetal© Technologies. This alloy was chosen
because it does not show phase separation in the supercooled liquid state [107], thus
helping to suppress the formation of nanocrystals. DSC experiments were performed
with heating rates of 0.1, 0.25, 1, 2, and 3 K/s in argon atmosphere (Perkin Elmer
Diamond DSC).
The magnitude of structural relaxation can be calorimetrically observed in the
temperature interval, ∆Tg, which is defined as the temperature range between the onset
and the end of the endothermic glass transition event. At a constant heating rate, the
average relaxation time,τ, can be described as
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τ = ∆T g / R ,

(15)

where R is the heating rate. The onset value of Tg at each heating rate is the
temperature that corresponds to each τ value in the Vogel-Fulcher-Tamman (VFT)
relation,

⎛ D∗ ⋅ To ⎞
τ = τ o ⋅ exp ⎜
⎟,
⎝ T − To ⎠

(16)

where D* is the fragility parameter and To is the VFT temperature, defined as the
temperature at which τ → ∞. τo is the value of the relaxation time in the limit as 1/T →
0 and is very similar for all Zr-based bulk metallic glasses, ~2.5 x 10-13 s [108]. To
determine D* and To for Zr44Ti11Ni10Cu10Be25, the relaxation time was determined for
each heating rate. These data were fit with Eq. (16) as shown in Fig. 14, D* and To
were found to be 31.6 and 321 K, respectively.

Fig. 14. Fragility plot of the relaxation time at the glass transition onset as a
function of inverse temperature for Zr44Ti11Ni10Cu10Be25.
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For longer time scale investigations, specimens were briefly equilibrated above
the calorimetric glass transition and cooled with 1 K/s in order to assure the same
thermal history for all samples. Isothermal relaxation was performed below Tg by
annealing in the DSC. Annealing times were integral numbers of the relaxation
time,τ, as calculated with Eq. (16) for each annealing temperature.

At 10τ, the

samples were assumed to be nearly fully relaxed (i.e., in metastable equilibrium).[74]
After annealing, enthalpy recovery experiments were performed in the DSC and Fig.
15a shows the ∆Tg interval for specimens annealed for 10τ at three temperatures.
Similar experiments were done for samples isothermally relaxed at 595K for 1τ, 2τ, 5τ
and 10τ (Fig. 15b). Annealed samples show a large endothermic heat recovery in the
glass transition region, whereas the “unrelaxed” reference sample does not exhibit this
effect. Enthalpy recovery increases with decreasing annealing temperature and/or
increasing annealing time. The amount of enthalpy, ∆H, that was released during the
isothermal heat treatment, and recovered during reheating the sample, was determined
from the area between the curve of the relaxed sample and the unrelaxed sample (Fig.
15 insets).
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Fig. 15. Enthalpy recovery measurements in the glass transition region after: (a)
isothermal relaxation for 10τ at three different temperatures; (b) isothermal
relaxation from the amorphous state for varying time at 595K. In addition, the
measurement for an unrelaxed “as-received” sample is shown.

To ensure crystallization did not occur during annealing, a sample annealed for
10τ at 595K was examined by High Resolution Transmission Electron Microscopy
(HRTEM) using a field emission FEI Tecnai F20. Specimen preparation was done
using a Streta DB237 FEI Focused Ion Beam system. A slice of 20×15×1 µm3 was
cut out using Ga+ ion beam of 30 keV. After mounting to a Cu TEM grid, the
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thickness of the slice was reduced to approximately 100 nm by using lower ion beam
current, which was followed by cleaning with Ga+ ion beam of 10 keV to reduce
damage.

Fig. 16 shows a representative HRTEM image and diffraction pattern,

indicating that the alloy is still fully amorphous after annealing.

Fig. 16. Representative HRTEM image and diffraction pattern of the sample
annealed for 10τ at 595K. No evidence of nanocrystals was found and the alloy
remained fully amorphous.

In Fig. 17, the measured recovered heats, ∆H, are plotted. The enthalpy
difference between the supercooled liquid and the crystalline state was estimated from
Ref.

[46]

which

used

an

alloy

with

very

similar

composition,

Zr41.2Ti13.8Ni12.5Cu10Be22.5. It has to be emphasized at this point that this change in
enthalpy (from Ref. [46]) is entirely due to the structural change of the supercooled
liquid itself and not to changes in the crystalline mixture even though the enthalpy is
plotted in reference to the crystal. Systematic enthalpy recovery studies as a function
of

time

and

temperature

have

been

performed

previously

for

Zr46.75Ti8.25Ni10Cu7.5Be27.5 [74], Pd43Ni10Cu27P20 [109], and Zr58.5Cu15.6Ni12.8Al10.3Nb2.8
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bulk metallic glasses [110]. For these glasses, the change of the recovered enthalpy
with annealing temperature has been determined, which is a measure of the difference
in specific heat capacity, cp, between glassy state and supercooled liquid state. For all
alloys these cp values, calculated from the enthalpy recovery, are in excellent
agreement with cp measurements of the supercooled liquid at slightly higher
temperatures. This indicates that the glass completely relaxes into the supercooled
liquid state (on a long time scale) and, most importantly, that the change in enthalpy is
entirely due to the structural changes in the amorphous alloy but not the crystal. We
therefore assume that the variation of enthalpy, ∆H, is proportional to the average free
volume per atom, νf /νm [84],

ν f / ν m = C ⋅ ∆H ,

(16)

where C is a constant, νf /νm was determined according to the Cohen and Grest model
[71],
vf =

k ⎛
⎜ T − Tq +
2ς 0 ⎜⎝

(T − T )
q

2

+

4vaς 0
T
k

⎞
⎟⎟,,
⎠

(17)

with the following fit parameters: bνmς0/k = 4933 K with b = 0.105, 4νaς0/k = 162 K,
and Tq = 672 K [101]. The atomic volume, νm, of Vitreloy 1™ has been reported as
1.67 x 10-29 m3 near the liquidus.[98] The Cohen and Grest model estimates the free
volume of the supercooled liquid even below that which can be obtained by long time
relaxation experiments. Therefore, by matching the curves of the free volume and
enthalpy both for the supercooled liquid as shown in Fig. 17, the proportionality
constant, C, in Eq. (16) was determined as C = 0.080 ± 0.001 (kJ/g-atom)-1. In Eq.
(16), ∆H is given in kJ/g-atom and νf /νm is in %. Fig. 17 allows us to map out the free
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volume states of the alloy based on DSC results. These results will allow free volume
characterization for future studies on the mechanical properties of bulk amorphous
Zr44Ti11Ni10Cu10Be25.

Fig. 17. Enthalpy and free volume difference versus temperature for different
free volume states of the amorphous Zr44Ti11Ni10Cu10Be25 alloy.
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Abstract

The roles of free volume and residual stress in affecting the fracture and
fatigue behavior of a Zr44Ti11Ni10Cu10Be25 bulk metallic glass are examined. Different
residual stress and free volume states were achieved by annealing below the glass
transition temperature.

When residual stresses from casting were relieved by

annealing, there was an associated decrease in both the fracture toughness and fatigue
threshold. Longer and higher temperature annealing achieved free volume reductions
due to structural relaxation that were quantified by enthalpy recovery measurements.
Structural relaxation shows a pronounced effect in reducing the fracture toughness and
affecting fatigue crack initiation and the overall fatigue life. However, free volume
reduction did not show any influence on the fatigue crack-growth rates or thresholds.
This latter effect is attributed to the fact that the large strains at the fatigue crack tip
cause a local increase in free volume that appears to dominate the local flow
properties, making the initial free volume state irrelevant. The increased free volume
associated with this fatigue transformation zone was verified by depth profiled
positron annihilation spectroscopy conducted on the fatigue fracture surfaces. Finally,
controlling free volume and residual stresses appears to be a viable way to tailor the
fracture and fatigue properties of bulk metallic glasses for given applications.
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1. Introduction

Bulk metallic glasses (BMGs) have many attractive properties for structural
applications, including near theoretical and high specific strength combined with
reasonably high fracture toughness, good corrosion resistance, low damping, large
elastic strain limits, and the ability to precisely net-shape into complex geometries
[111, 112]. One property which has been perceived as a limitation for these materials
has been poor fatigue resistance relative to traditional crystalline metallic materials [7,
9]; however, not all studies to date have been in agreement on this point, e.g. see Refs.
[16-18,

113].

For

the

most

studied

BMG

known

as

Vitreloy

1™

(Zr41.25Ti13.75Ni10Cu12.5Be22.5),3 reported 107 cycle fatigue strengths vary by a factor of
seven [7, 24, 113], and fatigue thresholds by a factor of three [7], with the latter
variation within a single study. While some of the reported scatter may be explained
by different testing configurations [114], this does not account for all the observed
variations, e.g., those in [7, 24]. It should be noted, however, that potential effects on
the fatigue behavior due to residual stresses or free volume variations have been
ignored in most fatigue studies on BMGs.
Residual compressive stresses up to several hundred MPa can form on the
surface of BMGs during the casting process [115, 116]. Such residual stresses will
superimpose on any applied stresses, potentially affecting the fracture and fatigue
behavior.

Additionally, the free volume is known to be an important factor in

determining the mechanical properties of BMGs [13-15, 19-23], a point which has
only recently been considered when comparing the fatigue behavior of as-cast

3

All compositions are given in terms of atomic percent.
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amorphous alloys in the absence of hydrogen embrittlement [24]. The deformation of
metallic glasses requires the existence of free volume, i.e., extra volume relative to a
fully dense glass, that is frozen into the atomic structure and allows physical space for
atomic movement under mechanical loading [13-15]. Since free volume is needed to
allow metallic glasses to deform, a reduction in free volume hinders plastic
deformation [13-15]. This reduced flow ability results in lower fracture toughness [1922, 24] and longer fatigue lives [24]. Such results imply that either the fatigue crack
initiation or growth portions of the fatigue lifetime (or both) must increase as free
volume decreases. Accordingly, this paper investigates the role of residual stresses
and free volume variations on the fracture and fatigue behavior of a
Zr44Ti11Ni10Cu10Be25 bulk metallic glass, with specific attention to separating the
effects on fatigue crack initiation and growth and, when possible, understanding the
specific mechanisms involved. Both the removal of residual stresses, and free volume
reduction by structural relaxation, are achieved by annealing below the glass transition
temperature, Tg, using appropriate times and temperatures suitable for each case.

2. Free volume and structural relaxation

Free volume differences may exist in nominally identical metallic glasses in
the as-processed state due to differences in their processing conditions.

Slower

cooling rates result in less free volume [44], and such differences have be detected
using differential scanning calorimetry (DSC) and positron annihilation spectroscopy
(PAS) measurements [24, 93].

Additionally, a reduction in free volume can be

achieved via structural relaxation by annealing at a temperature below the glass
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transition temperature [72, 74]. It has been shown that annealing below Tg results in a
loss of ductility of conventional metallic glasses [104] and several mechanisms have
been proposed, including the formation of a brittle phase, phase separation, or overall
densification [23, 105].
Characterization of free volume variations is paramount if one wants to
understand mechanical properties of metallic glasses such as fracture and fatigue.
With PAS it is possible to gain insight into the size and concentration of open volume
regions. In earlier studies on Zr-based bulk metallic glasses, PAS demonstrated the
ability to assess the changes in free volume associated with sub-Tg structural
relaxation [90] and with plastic deformation [77, 91]. While PAS provides information
about the distribution of free volume at the nano-scale, it is currently not possible to
make quantitative measurements using this technique. Conversely, DSC has been used
to characterize free volume changes in metallic glasses after structural relaxation, with
several efforts focused on quantifying free volume differences [25, 84, 85, 87].

3. Experimental Methods

3.1. Materials and Sample Preparation
Experiments were performed on as-cast plates (2.3 mm thick, 85.0 x 40.0 mm)
of fully amorphous Zr44Ti11Ni10Cu10Be25, produced and supplied by Liquidmetal©
Technologies (Lake Forest, CA). This BMG was chosen because it does not
demonstrate phase separation in the supercooled liquid state [107], thus allowing subTg annealing without risk of phase separation and reduced risk of nanocrystallization.
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Compact tension, C(T), and bend beam specimens were machined from the plates
before any subsequent annealing to reduce the free volume and/or relieve residual
stresses.
Annealing temperature and times were carefully chosen based on the timetemperature-transformation (TTT) diagram for Zr44Ti11Ni10Cu10Be25 [117] so that no
crystallization would occur. For isothermal structural relaxation, annealing times were
integral numbers of the relaxation time, τ, as calculated using the Vogel-FulcherTamman (VFT) equation,

⎛ D* .T0 ⎞
τ = τ 0 .exp ⎜
⎟,
⎝ T − T0 ⎠

(18)

where D* is the fragility parameter and To is the VFT temperature, defined as the
temperature at which τ → ∞. τo is the value of the relaxation time in the limit as 1/T →
0 and is very similar for all Zr-based bulk metallic glasses, ~2.5 x 10-13 s [108]. D*
and To were found to be 31.6 and 321 K, respectively [25]. An annealing temperature
of 610K was chosen because of the reasonable relaxation time at this temperature (at
610K, τ = 438s), and isothermal relaxation experiments were done for 1τ and 10τ with
the temperature carefully monitored using a calibrated thermocouple placed on the
samples. For 10τ, the samples were assumed to be essentially fully relaxed and in a
state close to the metastable equilibrium of the supercooled liquid [74].
For some specimens, a stress relieving anneal was performed at 573K for
2min. The purpose of this heat treatment was to relieve residual stresses due to thermal
tempering during processing. At 573K, the relaxation time is long enough (τ ~
21hours) so the material did not have time to relax.

After annealing, enthalpy
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recovery experiments were performed for all specimens in a differential scanning
calorimeter (DSC) at heating rate of 0.1 K/s in argon atmosphere (Perkin Elmer
Diamond DSC).

3.2 Fracture Toughness and Fatigue-Crack Growth Rate Measurements
Fracture toughness and fatigue crack-growth experiments were performed on
as-received, stress relieved (SR), 1τ and 10τ specimens in room air on 2.3 mm thick,
25.4 mm wide, C(T) specimens which satisfy the plane strain and small scale yielding
requirements from ASTM standard E399 [118]. Prior to annealing, all samples were
polished to a 0.05 µm surface finish on both faces and fatigue pre-cracked. Fatigue
cycling was done using a computer-controlled, servo-hydraulic mechanical testing
machine with a frequency, ν, of 25 Hz (sine wave) and a constant load ratio (ratio of
minimum to maximum load, R = Pmin/Pmax) of 0.1. Fatigue crack growth rates, da/dN,
were measured as a function of the applied stress intensity range, ∆K = Kmax - Kmin, in
general accordance with ASTM standard E647 [119], where Kmax and Kmin are the
maximum and minimum stress intensity experienced during the loading cycle. To
measure the fatigue thresholds, ∆KTH, samples were cycled in stress intensity control
with a decreasing stress-intensity range (K-gradient, d∆K/da/∆K = -0.08 mm-1) until
the measured growth rates approached ~10-10 m/cycle. Higher crack growth rates
were measured using a constant stress range, ∆σ. Crack lengths were continuously
monitored using unloading elastic compliance measurements from a 120 Ω strain
gauge attached to the back face of the specimen, with crack lengths computed using
the appropriate calibrations for the C(T) specimen [120].
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Following growth-rate measurements, plane strain fracture toughness values
were determined by monotonically loading the fatigue precracked specimens to failure
with a displacement rate of 20 µm/s in general accordance with ASTM standard E399.
After fracture and fatigue experiments, the fracture surfaces of the specimens were
analyzed using scanning electron microscopy (SEM).

3.3. Stress-Life and Fatigue Crack Initiation Experiments
Fatigue life (S-N) curves were measured for both the SR and 10τ samples by
cycling 2.3 x 2.0 x 85.0 mm rectangular beams in four point bending with an inner
span, S1, and outer span, S2, of 30 mm and 60 mm, respectively, in a computer
controlled electromagnetic testing machine. The corners of the beams were slightly
rounded to reduce stress concentration along the beam edges and they were polished to
a 0.05 µm finish on the tensile surface prior to annealing. Testing was conducted in
room air under load control using a sinusoidal waveform and a load ratio of R = 0.3.
A higher load ratio was used for these experiments to keep the specimens from
vibrating out of the fixture.
Once cyclic loading began, testing was interrupted at regular intervals and
specimens were inspected using optical microscopy (OM) in order to record the
initiation of surface cracks during the fatigue test. If no damage was observed, the
number of cycles between intervals was increased. Accordingly, a test frequency of 5
Hz was employed early in these experiments to allow frequent observations, while 20
Hz was used to generate adequate cycles as the inspection interval increased above
~103 cycles. Cellulose acetate tape replication was also used as a complimentary
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inspection and record keeping method. Acetate tape was softened with acetone and
held against the tensile surface of the specimen until the acetone evaporated and the
tape hardened. Features on the specimen surfaces were reproduced on the acetate
negatives and allowed records of the crack initiation to be kept in case the initial
inspections failed to observe the first fatigue cracks.
After fatigue life experiments were concluded, the replicas and fracture
surfaces were examined using OM and SEM. Replicas were coated with a thin layer
of gold prior to SEM examination.

3.4. Depth-Profiled Position Annihilation Spectroscopy (PAS)
Free volume changes associated with fatigue deformation during crack growth
experiments were assessed using depth profiling, beam-based PAS, specifically
utilizing the Doppler-broadening spectroscopy (DBS) technique. Full details are
reported elsewhere [121], with a brief synopsis given here.

Depth profile

measurements of the S parameter were made on the fatigue fracture surfaces of both
10τ and SR C(T) specimens in a location where ∆K was ~ 1.5 MPa√m, i.e., near the
fatigue threshold. Positrons emitted from a radioactive Na22 source were confined and
transported to the specimen surface. Six beam energies were used ranging between
1.1 and 8 keV corresponding to mean positron implantation depths of 8 – 186 nm.
Such depth profiled results were compared to bulk values of the S parameter measured
by depositing Na22 directly on the polished side of each sample.
As the positrons annihilate with electrons in the material, two gamma rays with
energies of precisely 511 keV are produced; however, the measured energy of
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annihilation may be Doppler shifted due to any center of mass motion of the
annihilating pair. The S parameter is the ratio of events within the precise 511 keV
energy “window,” which corresponds to annihilation at rest, or with valence electrons,
to all of the 511 keV events [122]. Annihilation in open volume defects result in less
high-momentum annihilation and lead to a higher S parameter, making DBS sensitive
to changes in free volume in amorphous materials.

4. Results

4.1. Enthalpy Recovery and Free Volume Quantification
As shown in Fig. 18, annealed samples at 610K show a large endothermic heat
recovery in the glass transition region, whereas the “unrelaxed” as-received and stress
relieved (SR) samples do not exhibit this effect. Enthalpy recovery increases with
increasing annealing time. The amount of enthalpy, ∆H, that was released during the
isothermal heat treatment, and recovered during reheating the sample, was determined
from the area between the curve of the relaxed sample and the unrelaxed sample (Fig.
18) with a calculated error of ±3%.4 The measured enthalpy recoveries, ∆H, for the 1τ
and 10τ samples were reported in [25] and are given in Table 2. Furthermore, Fig. 18
shows that the SR sample annealed at 573K for 2min does not show any enthalpy
recovery in the glass transition region relative to the as-received material; they are
indeed in the same enthalpy state, and by extension in the same free volume state.

4

The 3% error on the enthalpy recovery measurements was calculated based on the sensitivity of the
DSC, ± 0.2 µW, and the accuracy of the integration.
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Fig. 18: Enthalpy recovery measurements in the glass transition region after
isothermal relaxation at 610K for 1τ and 10τ. In addition, the measurements for
the unrelaxed samples in their as-received and stress-relieved state are shown.

Assuming ∆H is proportional to the average free volume per atom, νf /νm, [84]:

ν f / ν m = C ∆H ,

(19)

where C was determined to be 0.080±0.001 (kJ/g-atom)-1 for Zr44Ti11Ni10Cu10Be25
[25], ∆H is given in kJ/g-atom, and νf /νm is in %. The atomic volume, νm, of Vitreloy
1 has been reported as 1.67 x 10-29 m3 near the liquidus [98]. Therefore, based on Eq.
19 and enthalpy recovery measurements, the reduction of free volume difference via
structural relaxation, ∆νf /νm, was determined. Results are provided in Table 2.
Previous high resolution transmission electron microscopy (HRTEM) studies have
demonstrated that no nanocrystlization occurs in the 10τ annealed samples [25].
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Table 2: Enthalpy recovery measurements and quantification of free volume
relaxation after isothermal relaxation at 610K.

After isothermal
relaxation
1τ (438 sec)
10τ (4380 sec)

∆H (kJ/g-atom)

∆νf /νm (%)

0.361±0.011
0.553±0.017

0.0289±0.0012
0.0442±0.0019

4.2.Fatigue Crack-Growth Behavior
The effect of free volume and stress relaxation on fatigue crack-growth
behavior is shown in Fig. 19 where growth rates, da/dN, are plotted as a function of
the applied stress intensity range, ∆K.

Four distinct growth rate regimes were

observed: 1) a high-growth rate regime corresponding to final fracture when the
applied Kmax reaches the fracture toughness of the material, 2) a mid-growth rate
regime in which the crack growth increases with the applied K, 3) a near-threshold
region with crack growth rate insensitive to the applied K and, 4) a distinct threshold
region with high sensitivity of the growth rate to the applied K.
The mid-growth rates were fitted to a Paris power law relationship [123]:
da
= C ∆K m .
dN

(20)

Using units of m/cycle and MPa√m in Eq. 20, C and m are were found to be
similar for all four cases, with means and standard deviations of (1.8 ± 0.2) x 10-10 and
2.03 ± 0.08, respectively. Measured fatigue crack-growth thresholds, ∆KTH, were in
the range of 1.35 to 1.79 MPa√m, typical of Zr-based bulk metallic glasses [6, 8, 10,
21, 81]. Surprisingly, free volume relaxation does not influence the fatigue crackgrowth rates, da/dN, and fatigue thresholds, ∆KTH. Conversely, residual stresses in the
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as-received material do affect the fatigue crack-growth behavior, specifically by
shifting ∆KTH and the fracture toughness to higher values.

Fig. 19. Fatigue crack-growth rates, da/dN, plotted as a function of the applied
stress intensity range, ∆K, for different free volume and residual stresses states of
Zr44Ti11Ni10Cu10Be25.

4.3. Fracture Toughness Behavior
Plane strain fracture toughness, KIC, experiments showed that annealing has a
degrading effect on the fracture toughness, as shown in Fig. 20. Removal of residual
stresses at constant free volume decreased KIC by ~ 33% from 51 MPa√m to 34
MPa√m. Relaxation for 1τ shows a minimal degrading effect on the fracture toughness
with KIC = 32 MPa√m. However, after relaxation for 10τ, the toughness shows a
dramatic reduction in KIC to 3 MPa√m, an order of magnitude drop as compared with
the stress-relieved material.
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In fatigue, the effects of free volume reduction and residual stresses on the
Kmax values at the point of unstable fracture are similar to the effects on KIC. Residual
stress removal lowered Kmax by ~ 39% from 18 MPa√m to 11 MPa√m, and the
degrading effect of free volume reduction on the toughness is still clearly observed.
However, the toughness degradation at 10τ is not as dramatic, with Kmax at fatigue
fracture falling to 7 MPa√m.
In most cases, Kmax values at the point of unstable fracture in fatigue were
lower than the KIC values, consistent with previous studies that measured lower
toughness with higher loading rate in metallic glasses [9]. However, fatigue cycling
actually increased the fracture toughness of the 10τ relaxed specimen.

Fig. 20. Plain strain fracture toughness, KIC, and instability in fatigue-crack
propagation tests, Kmax, for the as-received and annealed samples. Annealing to
relieve residual stresses or reduce the free volume generally degrades the
toughness. The error on ∆νf /νm was calculated from Eq. 19 considering both the
error on ∆H (±3%) and the error on the C factor (±0.001). The error on KIC of the
as-received specimens corresponds to the standard deviation of 3 KIC tests.
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4.4.Stress-Life (S-N)Behavior and Crack Initiation
The normalized stress amplitude, σa/σu, is plotted as a function of cycles to
failure, Nf, for the amorphous Zr44Ti11Ni10Cu10Be25 alloys in Fig. 21, where the stress
amplitude, σa, is ½(σmax - σmin). Data is normalized by the ultimate tensile strength,

σu, reported in the literature, 1900 MPa [38]. The effect of free volume reduction is
investigated by comparing the stress-life data for the 10τ and SR specimens, both of
which are free of residual stresses. The stress-life fatigue data show that a free volume
reduction affects the fatigue life at a given value of σa/σu, with the curves crossing
each other at ~ 104 cycles and σa/σu ~ 0.17. At lower stress amplitudes (σa < 325
MPa), fatigue lifetimes are significantly shorter for the material with more free
volume, and vis versa at higher stress amplitudes (σa > 325 MPa). Additionally, a
reduction of free volume increases the fatigue strengths whereby the 10τ and SR
specimens were found to display 2 x 107 cycle fatigue strengths at σa/σu values of 0.14
and 0.10, respectively. Those values are higher than previously reported for Zr-Ti-CuNi-Be BMGs tested in four point bending [7, 11]. The improvement of the 2 x 107
cycle fatigue strength by free volume reduction is consistent with a previous study on
Zr41.25Ti13.75Ni10Cu12.5Be22.5 [24].
Examination of tensile surfaces and replicas indicated that damage initiation
represents the majority of high-cycle fatigue life in both cases, as indicated in Fig. 22
which shows the number of cycles to crack initiation, Ni, for the various stress
amplitudes tested. In Fig. 22 the error bars represent the cycle interval in which
initiation was recorded. Ni was found to be affected by free volume changes in a
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similar way to Nf (Fig. 21). For σa/σu < 0.17, damage initiation is retarded by free
volume reduction, and vice versa at higher stress amplitude (> 0.17).
In both materials, the damage originated in multiple locations on the tensile
surface and rounded corners of the beams. It was observed that surface cracks were as
likely to cause failure as corner cracks and that damage preferentially initiated at
surface defects such as fine polishing scratches. Cracks were observed to initiate as
shear bands or mixed-mode cracks that initially propagated at ~ 55° to the maximum
normal stress axis (Fig. 23) similar to that observed for uniaxial tension tests in Zrbased metallic glasses [82, 96, 124]. As observed previously [11], the cracks abruptly
change growth direction and continue to propagate perpendicular to the tensile axis
(Fig. 23) as mode I cracks until failure. It has been suggested that the change in
direction occurs to maximize the mode I stress intensity, ∆KI, once the shear band or
mixed-mode crack has a mode I loading component above the mode I fatigue
threshold, ∆KTH [11].
Once one or more cracks initiated, the 10τ and SR specimens required the
same number of cycles to failure at a given stress amplitude. This is demonstrated in
Fig. 24, where the number of cycles to failure after initiation, Nf - Ni, for the SR
samples is plotted as a function of cycles to failure after initiation for 10τ samples. A
first order linear fit, i.e. y = x, of the data shows that (Nf - Ni)10τ ≈ (Nf - Ni)SR. Such
results indicate that the free volume reduction does not affect the growth rates and are
in full agreement with the fatigue crack-growth results in Fig. 19.
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Fig. 21. Stress/life data for the 10τ and stress relieved specimens presented in
terms of the normalized stress amplitude, σa/σu, plotted as function of cycles to
failure, Nf.

Fig. 22. Normalized stress amplitude, σa/σu, plotted as function of number of
cycles to crack initiation, Ni. The error bars represent the cycle interval in which
initiation was recorded.
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Fig. 23. Optical microscope image of tensile surface of an SR bend beam showing
fatigue damage typically observed in both the 10τ and SR fatigue life tests. This
particular image is after 2500 cycles at σa = 568 MPa.

Fig. 24. Number of cycles to failure after initiation, Nf - Ni, for SR samples is
plotted as a function of cycles to failure after initiation for10τ samples. A first
order linear fit with R2 = 0.9926, i.e., y = x, of the data indicates that (Nf - Ni)10τ ≈
(Nf - Ni)SR.

4.5. Fractography
Fatigue fracture surfaces of the different specimens had identical morphologies
at a given growth-rate. In near-threshold regions, the surface exhibits a featureless
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mirror-like appearance with the fatigue surfaces becoming rougher with increasing ∆K
(Fig. 25). Examination of the bend beam fracture surfaces revealed that the cracks
grew in a semi-elliptical shape (Fig. 26a). In general, fatigue striations were visible
over regions of the crack surface for growth rates above ~ 10-9 m/cycle for all the
specimens, consistent with a previous report [10]. Such striations can be seen in Fig.
26b. Finally, overload fracture surfaces exhibited a veinlike morphology (Fig. 26b)
typical of metallic glasses [95].

Fig. 25. continued
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Fig. 25. Scanning electron micrographs of fracture surfaces showing (a) the
boundary between smooth near-threshold fatigue (∆K ~ 1.8 MPa√m and da/dN ~
3 x 10-10 m/cycle) and rough final fracture surface in an as-received specimen, (b)
the fatigue crack growth region in a 10τ sample at mid level ∆K ≈ 3 MPa√m and
da/dN ≈ 10-9 m/cycle, and (c) the fatigue crack growth region in a 10τ sample at
high level ∆K ≈ 6 MPa√m and da/dN ≈ 10-8 m/cycle. All micrographs are of C(T)
specimens and demonstrate the general trend of rougher surfaces with higher ∆K
levels. Crack growth direction was left to right.

Fig. 26. continued
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Fig. 26. Scanning electron micrographs of a stress relieved bend beam fracture
surface showing (a) semi-elliptical stable fatigue region and (b) the transition
between stable growth and unstable fracture. Crack growth direction is top to
bottom and σa = 290 MPa. In (b) note the fatigue striations observed at the top of
the micrograph, and the vein like overload fracture morphology in the bottom of
the micrograph, both of which are typical of metallic glasses.

4.6. Depth-Profiled Doppler Broadening Spectroscopy (DBS)
The bulk S parameter for both the 10τ and SR samples was found to be ~
0.522, indicating that every positron is finding a free volume void to trap in, and free
volume changes due to structural relaxation does not significantly change the size of
those voids. Those results suggest that relaxation affects the number of free volume
voids in this BMG, rather than the size. Depth profiled DBS results from the fatigue
fracture surfaces of 10τ and SR samples are given in Fig. 27a and Fig. 27b,
respectively. The S parameter in the cyclically deformed region is significantly larger
than the bulk value of ~ 0.522, which suggests larger free volume voids are induced by
cyclic loading than are normally present. The S parameter falls with increasing depth,
and in generally moves closer to the bulk value of 0.522.
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Fig. 27. Beam-based depth profiled PAS Doppler-broadening results for both the
(a) 10τ and (b) stress-relieved C(T) specimens. The fraction annihilating
with valence electrons, S, is plotted as a function of the implantation
depth. Depth profiling was performed on the cyclically loaded (fatigue)
surface where ∆K was ~1.5 MPa√m and compared to average
measurement of the bulk materials taken on the polished faces of each
sample. Figure reproduced with permission from Ref. [121].

Such results indicate that the intense deformation at the fatigue crack tip has a
profound effect on the local free volume. The increase in S parameter suggests 1) free
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volume is being created at the crack tip during fatigue crack propagation and 2) the
new free volume involves a different type of defect than is found in the undeformed
regions. A more complete description of the PAS findings for these samples has been
reported elsewhere and the reader is referred to Ref. [121].

5. Discussion

5.1. Mechanisms of fatigue crack growth
It is apparent from Fig. 20 that a reduction in free volume by structural
relaxation embrittles bulk metallic glasses. Existing models for the deformation of
metallic glasses predict that a reduction in free volume will retard plastic deformation
[13-15] and it logically follows that the reduced ductility will result in less crack tip
blunting and lower fracture toughness (Fig. 20 and Refs. [20-22, 24]). It is thus
surprising that fatigue crack growth, which is believed to result from alternating crack
blunting and resharpening [9], is not affecting by changed in the free volume (Fig. 19).
Indeed, Suh et al. showed that when the free volume of Vitreloy 1 is filled with
hydrogen, both the fracture toughness and the fatigue crack growth properties are
affected [20, 21]. Thus, the mechanism for fatigue crack growth in BMGs must
account for all of these observations.
Plastic flow in metallic glasses is believed to occur via a diffusional process
involving the rearrangement of small number of atoms and their surrounding free
volume [13-15]. During inhomogeneous flow, the deformation is highly localized in
shear bands and Spaepen reasoned that the observed softening in those shear bands
must be due to local free volume generation within the bands [13], a concept which
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has been adopted and further developed by others [14, 15]. Experimental studies have
given direct evidence of free volume increases associated with plastic flow during
compression in bulk metallic glasses using positron annihilation spectroscopy [77, 91].
Additionally, molecular-dynamics simulations of binary metallic glass structures and
deformation, both three dimensional with 8000 atoms [125] or two dimensional with
20000 atoms [126], show softening and shear localization that is associated with free
volume production.
Thus, based on the current understanding of flow in metallic glasses, it is
expected that the large plastic strains near a crack tip will be associated with a local
increase in free volume. The DBS results presented in Fig. 27 confirm that this is the
case; indeed, the free volume is locally higher where the fatigue crack propagated.
This may be thought of as a local unrelaxation process and as the crack propagates it is
enveloped with a fatigue transformation zone, as illustrated in Fig. 28. The free
volume is expected to be graded within this zone, decreasing with increasing distance
from the crack flanks or tip.

A first order estimate for the total extent of the

transformation zone on the fatigue surface would be the mode I plastic zone radius, r,
for plane strain and along the axis perpendicular to the crack plane as given by:
1
r=
2π

2

⎛ KI ⎞
⎜
⎟ ,
⎝σY ⎠

(21)

where KI and σY are the stress intensity and yield strength, respectively. Near the
fatigue threshold, r is predicted to be ~ 100 nm. Furthermore, a significantly higher
increase in free volume would be expected within the cyclic plastic zone where
reversed plastic flow occurs during each cycle, which is generally ~1/3 the total plastic
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zone size [127], or ~33 nm. The direct applicability of Eq. 21 to the inhomogeneous
flow in BMGs is uncertain; however, as a first approximation DBS experiments show
an increase in free volume to a depth somewhat larger than r, but on a similar order of
magnitude. Furthermore, there is a significantly higher effect over the first ~ 40 nm,
roughly consistent with estimates of the cyclic plastic zone.

Fig. 28. Schematic of a fatigue transformation zone in a BMG. The stress/strain
concentration at the crack tip induces an increase in free volume and as the crack
propagates it is enveloped with a transformed zone.

The transformation zone discussed is similar to the martensitic transformation
zones that occur in partially stabilized zirconia [128, 129] or austenitic stainless steel
[130, 131], although in those cases the volume increase is due to a phase
transformation from one crystal structure to another. In those cases, the large volume
expansion (2 – 4%) associated with the martensitic transformation generates a residual
stress field that puts the crack under compression, reducing crack propagation rates.
In bulk metallic glasses, the total volume increase is orders of magnitude smaller and
is not large enough to cause significant compressive stresses on the crack tip based on

79
models for transformation toughening [132, 133]. Based on the weight function
method developed by McMeeking and Evans [133], a 1 MPa√m reduction in the
maximum stress intensity at the crack tip near the threshold would require a total
volume expansion of ~ 10% within a 100 nm thick transformation zone. Additionally,
the average free volume per atom of the Zr44Ti11Ni10Cu10Be25 bulk metallic glass can
be estimated from Ref. [25], and was found to represent roughly ~ 0.1% of the total
volume when considering only the smallest atoms, Beryllium, and the hard sphere
model. Therefore, this means that the free volume would have to expand by 2 orders
of magnitude in order to decrease the stress intensity by 1 MPa√m near the fatigue
threshold. Kanungo et al [77, 134] observed that cold rolling to a thickness of 32%
increased the free volume of Zr41.25Ti13.75Ni10Cu12.5Be22.5 bulk metallic glass by 4.4%;
even though the free volume was averaged over the entire specimen and is believed to
be much larger within the shear band, it is apparent that the total volume increase by
free volume expansion is largely insufficient to generate a significant compressive
residual stress field.
However, it appears that the newly created free volume in the fatigue
transformation zone determines the local flow properties, making the fatigue crack
growth behavior relatively insensitive to bulk free volume differences. Accordingly, a
new mechanism for fatigue crack growth in bulk metallic glasses is proposed, where
crack advance involves the creation of a fatigue transformation zone with flow
properties independent of the bulk material, and alternating crack blunting and
resharpening occurs within this zone.

Such a mechanism is consistent with the

hydrogen charging results of Suh et al. [20, 21], since varying the amount of hydrogen
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in the material would be expected to effect flow within the fatigue transformation
zone. However, this new mechanism implies that simply changing the bulk free
volume of a BMG will not necessarily affect the fatigue crack growth behavior, as
seen in Figs. 19 and 24.
There are still unresolved questions regarding the fatigue crack growth
mechanism in BMGs; however, noting that there is an unexplained region of the
fatigue crack growth curve that is largely independent of the applied ∆K, i.e., where
da/dN ≈ 10-9 m/cycle (Fig. 19).

Such behavior is common when there in an

environment affect on crack growth and the crack growth rate is limited by diffusion
of an environmental species to the crack tip, although it is currently unclear if that is
the case with Zr-based BMGs.

5.2. Toughening Mechanisms
As observed in Fig. 20, the degrading effect of structural relaxation on the
fracture toughness is significantly weaker under cyclic loading (Kmax) as opposed to
monotonic loading (KIC). Furthermore, fatigue cycling seems to increase the fracture
toughness of the 10τ relaxed specimen. It is important to note that the fracture
toughness of metallic glasses is a strain rate sensitive property, and higher strain rates,
as experienced during unstable fracture at the end of a constant stress fatigue test,
generally have been shown to give lower fracture toughness [9].
The higher fracture toughness for the 10τ specimen measured during fatigue
testing is not surprising, however, when one considers the concept of a fatigue
transformation zone.

All KIC measurements were done using fatigue precracked
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specimens where the final ∆K value experienced before the fracture toughness test was
near the fatigue threshold. Accordingly, the fatigue transformation zone would be
small in those cases, and much smaller than the plastic zone created during the fracture
test, i.e., by a factor of 5 for10τ specimen, and by 2 orders of magnitude for the SR
specimen, based on Eq. 21. Thus, for the KIC tests, the existence of a fatigue
transformation zone would be expected to have a small or negligible effect.
Unstable fracture at the end of a constant stress fatigue test is a very different
situation. In that case, the ∆K value for the cycle just before instable fracture is high,
and the fatigue transformation zone is relatively large compared to the KIC test.
Accordingly, for this case there will be two partially offsetting effects whereby the
high strain rate is lowering the toughness, while the extra free volume in the large
fatigue transformation zone enhances the toughness. The relative magnitude of these
two effects will determine how the fracture toughnesses measured at the instability of
the fatigue test compares to conventionally measured KIC values. For the 10τ sample,
the effect of the fatigue transformation zone is beneficial enough to give a higher
fracture toughness value in fatigue relative to KIC. Thus, the fatigue transformation
zone can be thought of as an intrinsic toughening mechanism, whereby the local
ductility at the crack tip is enhanced.

5.3. Fatigue Life
Figs. 19 & 24 show that free volume relaxation does not have an influence on
fatigue crack-growth rates, da/dN, and fatigue thresholds, ∆Kth. However, a reduction
of free volume improves the fatigue limits and affects the fatigue lifetimes (Fig. 21
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and in Ref. [24]). Based on Fig. 22, it is clear that the effect on the fatigue life data is
due to effects on the crack initiation portion of the fatigue lifetime. Mechanistically,
this may be understood by considering that fatigue cracks tend to initiate from slip
bands (Fig. 23). The larger amount of free volume in the SR material allows easier
deformation and easier formation of slip bands, leading to faster crack initiation.
Comparing Figs. 22 and 24, it is apparent that in the absence of residual
stresses, Zr44Ti11Ni10Cu10Be25 spends comparable amounts of its fatigue life in the
crack initiation and crack-growth portions at high stress amplitudes, with crack
initiation consuming the majority of cycles at lower stress amplitudes. Note, this is in
contrast with studies on Zr41.25Ti13.75Ni10Cu12.5Be22.5 that have reported that fatigue
crack initiation occurs within the first few cycles [11].

It is currently unclear why

these materials behaved very differently in these two studies, but possibilities include
1) fundamental differences between the alloys, or 2) other factors such as residual
stresses. Indeed, bending beams were not stress relieved in Ref. [11], and depending
how the beams were cut from cast plates and oriented, the tensile surface during the
bending tests may have had residual tensile stresses which contributed to early crack
initiation.

5.4. Role of residual stresses
As mentioned earlier, bulk metallic glasses develop residual stresses during
processing due to thermal tempering. It has been shown in previous studies [115, 116]
that compressive stresses on the order of several hundred MPa can occur on the
surface of as-cast metallic glasses, with offsetting tensile stresses below the surface.
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The effects of residual stresses have often been ignored in the published literature on
mechanical properties; however, the present results illustrate how residual stresses are
of primary importance in determining the fracture and fatigue properties (Figs. 19 &
20). Specifically, residual compressive stresses on the specimen surfaces reduce the
crack propagation rate in the threshold region and improve the fracture toughness. In
the present study these increases were significant, 33% and 50% increases for ∆KTH
and KIC, respectively. Furthermore, although not explicitly measured in this study,
those combined effects are expected to have a significant effect on the overall fatigue
lifetime.
The mechanism responsible for these effects is presumed to be that the
compressive thermal tempering stresses superimpose onto the crack tip stress field,
and therefore lower the stress intensity at the crack tip. Although that mechanism only
acts on the specimen surfaces where the residual stresses are compressive, it is clearly
significant enough to affect the overall properties (Figs. 19 & 20).
The effect of residual stresses likely explains some of the scatter observed in
published fracture and fatigue data, such as the large scatter in ∆KTH seen in Ref. [7].
Thus, when testing BMGs without first relieving the residual stresses, it is important
that those residual stresses be characterized and reported along with the data. Several
methods have been developed for characterizing residual stresses in BMGs, including
crack compliance method [115, 116] and high energy X-ray scattering [135].
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5.5. Tailoring the Fracture and Fatigue Properties of BMGs
Based on the results of the present study, it is clear that the fracture and fatigue
properties of bulk metallic glasses are not frozen-in by the chemical composition and
can be tailored for a given application by adjusting the free volume and residual
stresses.

By reducing the free volume, one can enhance the fatigue life while

sacrificing fracture toughness. However, both fracture and fatigue behavior can be
enhanced by controlling the residual stress, for example with post-processing
treatments such as shot peening [136]. Thus, careful control of free volume and
compressive residual stresses can potentially be used to improve the overall properties
of bulk metallic glasses and obtain desired characteristics, as shown schematically in
Fig. 29.
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Fig. 29. Schematic illustrating how overall improvements of the fatigue and
fracture properties in BMGs can be obtained by concurrently controlling
the (a) residual stresses and (b) free volume.
6. Conclusions

Based on a study of the fracture and fatigue behavior of a Zr44Ti11Ni10Cu10Be25
bulk metallic glass, with specific attention paid to the effects of free volume variations
and residual stresses, the following conclusions are made:
1. Both plane strain (KIC) and fatigue (Kmax) fracture toughness were found to
be significantly degraded by a reduction in free volume via structural
relaxation.
2. The fatigue crack-growth rates were insensitive to free volume variations.
Depth-profiled Doppler broadening spectroscopy demonstrated that the
large plastic strains near the fatigue crack tip cause a local increase in free
volume. As the crack propagates, it is enveloped in a fatigue
transformation zone that controls the local flow properties and makes the
fatigue crack growth behavior insensitive to the initial free volume state.
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3. A reduction of free volume improves the fatigue limit and affects the
fatigue lifetimes specifically by affecting the number of cycles to cause
crack initiation.
4. Residual compressive stresses significantly affect the fatigue and fracture
properties. Specifically, compressive thermal tempering stresses on the
surface improve the fatigue threshold and fracture toughness, presumably
by lowering the stress intensity at the crack tip by superposition of the
residual stresses.
5. The overall fatigue and fracture properties can be tailored to desired
properties by controlling the free volume and residual stresses.
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6. SUMMARY

In this study, it has been demonstrated that structural (i.e., free volume and/or
residual stresses) differences may exist between metallic glasses of identical
composition depending on the specific processing conditions. The fatigue and fracture
behavior of Zr-based metallic glasses were found to be deeply affected by structural
changes. Deformation of metallic glasses requires the existence of free volume to
allow atomic movement under mechanical loading. Therefore quantification of the
free volume state is crucial to understand its mechanical behavior. The correlation
between enthalpy change, ∆H, and free volume reduction, ∆νf, during sub-Tg structural
relaxation of Zr44Ti11Ni10Cu10Be25 bulk metallic glass was investigated by differential
scanning calorimetry. A linear dependence between ∆H and the average free volume
per atom νf / νm was determined as,

ν f /ν m = 0.080 ± 0.001(kJ/g-atom) −1.∆H ,

(22)

where νm represents the atomic free volume near the liquidus.
Although structural relaxation showed a pronounced effect in reducing the
fracture toughness, a reduction in free volume increases the 107 cycle fatigue strength.
Mechanistically, the fatigue properties associated with a free volume variation differ
significantly with respect to crack initiation. In the absence of residual stresses, fatigue
lifetimes of metallic glasses are dominated by the loading cycles needed to initiate
damage. Damage was observed to initiate at ~55° to the maximum applied shear stress
axis.
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Surprisingly, the fatigue crack-growth behavior was found to be relatively
insensitive to bulk free volume differences. Depth-profiled Doppler broadening
spectroscopy (DBS) demonstrated that a free volume expansion occurs at the tip of a
growing fatigue crack in metallic glasses due to high stress/strain concentration at the
crack tip. As it propagates the crack is enveloped with an ‘unrelaxed’ zone.
Compressive stresses induced by thermal tempering during processing act on a
growing fatigue in bulk metallic glasses. The superimposition of compressive stresses
retards the fatigue crack propagation rate in the threshold region and increases the
fatigue threshold, and the fracture toughness.
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